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ABSTRACT
Structural changes during creep have been studied in a 20Cr-25Ni-Nb
stabilised stainless steel using transmission electron microscopy. The
application of multiple-mechanical-thermal-treatment (MMTT) produced in
the steel a very fine cellular substructure supported by Nb(CN) particles.
The cells formed during MMTT have been converted into subgrains during
early stages of creep and elongated on further creep deformation at all
2the three stresses (70, 84, 95 N/mm ) examined. The elongation was more
2pronounced at the high stresses (84, 95 N/mm ) and due to the banded 
distribution of Nb(CN) the elongation occurred in the areas of subgrains 
where the density of particles was relatively lower and the width of the 
subgrains were comparable to the interspacing of the particle bands 
(- lym). Dislocation analysis of the substructure indicated that most of 
the dislocations were close to screw orientation.
The analysis of creep data at constant load and variable temperatures 
showed that two creep mechanisms were operating, one below and the other 
above a critical temperature, or at constant temperature a critical stress. 
It was found that the activation energy for the creep process operating 
below the transition point was about 300 kJ/mol and for that operating 
above it was about 630 kJ/mol. Over the stress range studied both 
activation energies remained stress independent. The transition temperature 
however decreased linearly with increasing creep stress. Experimental 
data indicated that the transition from one creep mechanism to the other 
took place over a narrow range of temperature or stress. -
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1 INTRODUCTION
Stainless steel with nominal composition of 201 Cr, 25% Ni and 
small addition of Nb (0.3-0.6%) has been developed for use as fuel 
cladding in High Temperature Advanced Gas Cooled Reactors (AGR) and
m
Fast Breeder Reactors (FBR) J . The operating temperature in the above 
reactors ranges from 650 to 850 C and information on mechanical 
properties of the alloy in this range of.temperature is essential.
Cladding materials must be able to withstand attack by both the 
fuel and the coolant at high temperature and radiation existing in the 
reactor. It must have good ductility to withstand the strain arising 
from differential thermal expansion, but it should resist creep strain.
It should also have additional ductility to overcome irradiation damage 
resulting in helium bubble formation which is the result of transmutation 
reaction of isotope present in steel with thermal neutrons
There have been numerous publications over the last fifteen years 
on niobium stabilized stainless steel trying to explain the mechanical 
properties of the alloy on the basis of substructure introduced into it. 
However, there is as yet no unanimous agreement on the subject particularly 
with reference to creep properties. Msst of the work so far has been 
concerned with dispersion of fine or coarse niobium carbide particles in 
the austenite matrix. This is done by solution treatment at high 
temperature to dissolve niobium carbides, deformation of the alloy at 
room temperature and subsequent precipitation of niobium carbides, 
preferentially on dislocations, at a temperature in the range of 700- 
800 C. Recently McElroy * J has tried to introduce the room temperature 
deformation in steps in order to get a more uniform dislocation sub­
structure and carbide distribution. He reported a .uniform three dimensional 
dislocation substructure supported by fine niobium carbide particles, 
which resulted in a more stable substructure at high temperature and
hence a lower minimum creep rate. This improvement is unfortunately 
associated with low creep ductility, and the object of the present work 
is to study micro structural stability and changes during creep, to 
explain the operating creep mechanism in the alloy and to show how the 
low ductility is related to the operating creep mechanism.
2 CLADDING MATERIAL
2.1 Role of Cladding
Generally nuclear fuel is contained in a cladding material when
used in a nuclear reactor. With the exception of High Temperature Gas
Cooled Reator (HTR) all types of reactors use metallic cladding materials,
and the major alloys used are Zircaloy-2, Zircaloy-9 and stainless 
(40steel- . Other cladding materials, basically Fe-Ni-Cr steels, have 
been tried by different countries. In a review paper Ostberg^ 
discusses the physical metallurgy of nuclear fuel elements in Sweden, 
and he gives details of different alloys studied both in Sweden and 
other countries. It is worth mentioning that from the time of conceptual 
studies to the development and construction of a power nuclear reactor 
it takes about twenty years (for example HTR or FBF§ before the first 
commercial reactor is built. This is because there are many problems 
associated with the selection of materials and the design of containers 
for nuclear fuel elements. The first generation of nuclear reactors in 
the United Kingdom are known as the Graphite Core Reactors. These 
reactors use uranium metal fuel in a magnesium alloy cladding. The 
latest reactor of this type was commissioned in 1972^ and no more of 
this type are known to • be planned. The Pressurised Water Reactor (PWR) 
type first appeared in the United States in 1957 which used pin bundles 
of pellets cladded in Zircaloy-4, which are still standard commercial 
US reactors. The Boiling Water Reactor (BWR) type employ UC^ pellet fuel 
in Zircaloy-2 cladding. All the above types of reactors could be
considered as the first generation of reactors that are currently in 
use.
The second generation may be regarded as the Advanced Gas Cooled 
Reactors with ten reactors being built in the UK with a gross capacity 
of 6600 MW. These reactors use UO2 pellet fuel in stainless steel 
cladding and are moderated with graphite and cooled with carbon dioxide.
The third generation of power reactors are the High Temperature 
Gas Cooled Reactors and the Fast Breeder Reactors which are cooled 
with liquid sodium. In the FBR stainless steel is used as cladding 
material, but in the HTR reactors non-metallie cladding is used. Both 
these reactors are still in experimental stages and represent the future 
generation of reactors. In Table 1 are summarised some of the types of 
reactors available together with the cladding material used in them.
Table 2-1
Type of reactor, fuel and cladding material used.
System Fuel ■ . Cladding
PWR U02 Zircaloy -4
BWR U02 Zircaloy -2
HWR CNI
B
Zircaloy -4
AGR uo2 Stainless steel
FBR (U,Pu)02 Stainless steel
HTR (a) UC2 Graphite
(b) (U,th)C2 Pyrocarbon/carbon
(c) U>2 Pyrocarbon/carbon
Both in the AGR and FBR reactors stainless steel containing 201 
Cr-251 Ni-0.61 Nb-0.03 to 0.61 C is used as fuel cladding material. The 
primary requirement of the fuel element cladding material is that it
should retain the fission products with a low failure incidence in a 
novel and often hostile environment, commonly for periods of up to five 
years. At present, the life time is limited by the lack of a proper 
material. The ability of cladding materials to remain leak-proof is 
determined by:
a) Resistance to attack by fuel and fission products from the fuel 
side.
b) Resistance to attack by the coolant and its impurities.
c) Continuing resistance to straining (creep).
The damage caused to the cladding material in a reactor depends on 
the type of the reactor (Thermal, Fast or Fission). The high flux of 
neutrons with different energy in different reactors affects mechanical 
properties of the cladding material gradually and failure occurs after 
a limited time depending on the nature of the damage done. Extensive 
research has been carried out on radiation damage of metals and alloys 
in recent years. These studies have been reviewed extensively in a 
number of review papers^ but the problem is still unsolved. All the 
materials so far studied become brittle as a result of radiation. * 
Depending on the energy of neutrons and the temperature of irradiation 
the type of damage could be different. The most serious damage, however, 
is the formation of voids at temperatures above 400 C at which diffusion 
rate is significant and vacancies formed by irradiation can diffuse to 
void nuclei sites.
Attack from the coolant side is of some concern, since it may tend 
to corrode the cladding to an extent depending on its composition in the 
locality of the power station. In general cladding material should have 
good corrosion resistance otherwise the integrity of the fuel element 
will be at risk of failure.
Cladding materials should have reasonable mechanical properties as 
they are usually exposed to a complex of very small incremental stresses
from a variety of sources, which makes the broad classification of the 
failure mechanism difficult. But creep rupture is always considered 
important and extensive study has been done on this part which will be 
discussed in a separate section later.
The choice of Zircaloys was made because of the right combination 
of mechanical properties and corrosion resistance at the temperature range 
used. The alloy could, however, not be used for the AGR and FBR reactors, 
as in these reactors superior corrosion resistance is required plus 
reasonable mechanical properties. At present stainless steels appear to 
be the only choice. But ordinary stainless steels do not have the 
required mechanical properties (high yield strength, good creep resistance, 
and considerable ductility), thus a niobium stabilized stainless steel 
was chosen, which offers an attractive combination of corrosion resistance 
with good mechanical properties.
2.2 Properties of Cladding Materials
As mentioned earlier a cladding material should resist attack by 
fuel and fission products from inside and the coolant, which might be gas, 
water, or liquid metal depending on the type of reactor, from outside, 
and stressing caused by the swelling of the fuel and thermal expansion.
Fuel life is likely to be limited by the maintenance of the integrity of 
the cladding. Furthermore, fuel cycle economics indicates that high fuel 
bum-ups is an important requirement ^ 9 ^ . In the case of oxide fuel it 
is hoped to achieve bum-ups in excess of 101 of the heavy atoms and 
this involves operating the fuel at full power for about 9 to 12 months.
The main factor affecting the cladding life is the fuel swelling, and 
the other factors which must be considered are chemical interaction between 
fuel and the cladding, stress arising from thermal gradients, differential 
voidage swelling, interaction with the coolant, and. fatigue in power 
cycling. The peak flux in FBR is 8.5 x 10^ n/cm^/sec and a. 9.5% bum-up 
of heavy atoms is equivalent to 65 displacement of every atoirt® in the
cladding. The peak cladding temperature is typically 700 to 750 C.
In choosing a material to fulfil this exacting role, consideration must 
be given to the nuclear properties of the cladding material. As 
mentioned earlier stainless steel has been chosen as cladding material 
for AGR and FBR. The performance of the steel studied was good. Some 
changes in mechanical properties occur in FBR because of the fast neutron 
irradiation. The effect of neutrons on the austenitic stainless steel 
is well known, being characterized by the loss of'ductility and
increased yield strength. The radiation induced structural changes 
which affect the tensile properties can be divided into three types, 
which are a function of the irradiation temperature, the neutron fluence 
and the.neutron energy:
1) Classical radiation hardening^^, due to small defect clusters 
arising from moderate fluence level and mainly at low temperature 
(<500 C). These defect clusters could be vacancy pairs and/or 
clusters, interstitial defects and stacking faults.
2) Void formation with associated dislocation network arising after 
fast neutron irradiation to high doses and in fairly narrow 
temperature range (400 to 650 C).
3) Helium bubble formation due to ($<*) transformations, found in 
both thermal and fast flux irradiation (^,13) at high temperature 
(>600 C).
Classical radiation hardening is due to the formation of obstacles 
to the movement of dislocations in the lattice which are point defect 
clusters formed by the collision of neutrons with atoms. Irradiation of 
stainless steel in a fast fluence results with the formation of voids 
and associated dislocation loops. It has been suggested0-0,12,14) ^hat 
the observed increase in yield strength in the temperature range where 
void formation is observed (400 to 650 C) can be accounted for by inter­
action of dislocations with dislocation loops and cavities. After
irradiation at 520 C and above, precipitate particles (assumed to be
(151
^23^P were observed but Bratonv J attributes little hardening to the 
precipitation while Bloomargues that at a higher temperature, 
say 600 C, the precipitate particles may become more important than the 
voids as barriers to dislocation movement.
At higher temperatures (>600 C) embrittlement has generally been
10 7due to the helium arising from $ (na) Li and fast na reaction with the 
principal elemental constituents of the steel. The helium promotes 
weakness at grain boundaries which results in premature failure by 
intergranular fracture . The role helium plays in the embrittlement 
of grain boundaries is not clear but it appears that helium bubbles 
form at the grain boundaries and grow by vacancy condensation under 
applied stress. Fracture occurs by the linking of the bubbles, or 
bubbles acting as stress raisers. A number of alternative mechanisms 
for the high temperature embrittlement have been proposed .
Q7)
Kramerv J has suggested that the loss of ductility is associated with 
the premature intergranular cavitation originating at grain boundary 
carbide particles. The helium aids grain boundary cracking by forming 
bubbles at the carbide particles, thus reducing the amount of grain 
boundary sliding needed to nucleate a crack. Woodfordhas suggested 
that the strengthening of matrix by the fine dispersion of helium bubbles 
causes grain boundaries to become weak relative to the matrix. On the 
basis of the above discussion, it could be concluded that the increase 
in tensile properties could be associated with the presence of fine 
bubbles as barriers to dislocation glide and they could also act as 
Frank-Read sources for dislocation multiplication, if they are inside the 
grains.
(19 201
The creep properties are also affected by radiation of fast neutronsv J 
Fast neutron: radiation results in a reduction in the post irradiation 
rupture life of type 316 stainless steel. The magnitude of the reduction
in rupture life depends on the test temperature and neutron flux. In
recent years attempts have been made to explain the mechanism of radiation 
(19-23')creep v J and different alloys have been used to compare the creep
fl9'j
properties. Lovell^ J reported the results of creep rupture tests on
29 2stainless steel tubes irradiated in FBRIEto a total dose of 1.2 x 10 n/cm
at about 480 C. Standing reported similar tests on tubes irradiated
22 2in DFR to a total dose of 1.3-3 x 10 n/cm at a range of temperatures.
In the biaxial tube test at 538 C and 550 C the reduction in rupture 
life was primarily the result of high creep rate and not due to any loss
n.9')
of ductility. However, at 600 O'- J the loss in rupture life resulted
from reduced ductility with no significant contribution from the creep
rate differences. At 650 and 760 the reduction in rupture
life again resulted from reduced ductility. The mechanism of increased
creep rate at 550 C is not clear but Standing suggests that the large
amount of sigma particles which he observed in the irradiated steel might
be the cause. At the higher temperature the loss of ductility is
probably due to the helium embrittlement mechanism with creep strengthening
arising from irradiation induced precipitates and matrix hardening due
to the void and dislocation loops coming into effect in the temperature
range examined. The mechanism of irradiation creep is currently a subject
of researchC21,22} con-troversy. Harkness^*^ has suggested a model
in which creep is climb controlled and extra point defects produced by
irradiation could result in accelerated creep. This could be true if the
creep is dislocation creep. With other creep mechanisms this could not
r24 25")be true. Hesketh’s'' * J view, in contrast, is that all diffusion 
controlled creep processes are unaffected by irradiation and he suggests 
a mechanism which depends on the formation of dislocation loop nuclei. A 
further alternative mechanism has been suggested by Brinkman based on 
the events localized at the sites of thermal spikes. Since the number of . 
variables are many, namely temperature, neutron energy, stress, and the
alloy composition, one should analyse the problem for a particular case.
Here it has been tried to give only general understanding of irradiation 
damage.
3. CREEP
.3.1 Introduction
Creep is defined as time dependent plastic deformation under constant 
stress, but in practice constant load is used instead. In each specific 
case experimental data is usually collected and analysed and then fitted 
into an empirical -equation. In spite of many attempts to analyse - creep 
mechanisms theoretically, as yet, there is no generally accepted theore­
tical model which could explain all possible creep mechanisms. In this 
section are reviewed generally accepted creep mechanisms and proposed 
creep equations.
3.2 Creep Mechanisms
In considering time dependent plastic deformation the following 
classification which is important from the engineering view point, is 
generally used:-
1« Diffusional Creep
a) Coble Creep
b) Nabarro Creep
2. Dislocation Creep.
In each of the above classes of time dependent deformation different ideas 
have been put forward to explain the mechanism of deformation and the rate 
controlling mechanism, if more than one mechanism is operative at the same
time. During the last decade good review papers were published in which
('27-32') f33 34*)creep is treated in general, v J and two more recent papers  ^ J deal
with high temperature creep, emphasising dislocation creep. In this section
the more generally accepted concepts of creep are considered, and when the
creep behaviour of niobium stabilised stainless steel is discussed, the
a
dislocation creep is emphasised.
Generally, when a material is subjected to an external, constant 
load at high enough temperature (usually above 0.4-0.5 Tm where Tm is the 
melting point in degrees Kelvin) there are three distinct stages in plastic 
deformation besides an instantaneous elastic elongation:
a) Primary or decreasing rate creep,
b) Steady state or constant rate creep,
c) Tertiary or accelerating creep.
Most materials exhibit all the above stages of creep over a wide 
temperature and stress range, but most engineers and designers are interested 
in the secondary stage or the constant rate of creep only. Although 
scientific work has been carried out on all stages of creep, more concen­
trated work has been done on the primary and secondary stages. A schematic 
creep curve for an annealed metal or alloy is illustrated in Fig. 3.1.
The primary stage of a creep curve may be altered if the same annealed
material is crept at high stress and re-crept at a lower stress, or if it
{'35')
is cold worked before creeping. Hazlett and Hansen^ J were the first 
workers who observed that, if a material was cold worked before creep its 
creep curve would be like that given in Fig. 3-2. Subsequently, Raymond 
and Dorn observed similar phenomenon on a specimen crept at a high 
stress and then subjected to a lower stress. They explained the observed 
increase in the creep rate in the primary stage as being due to recovery 
of substructure introduced during the high stress creep or cold work.
(37')Another type of creep curve observed in dispersion hardened alloys ^ J 
has the general shape shown in Fig. 3-3. There are other even more 
complicated creep curves for special cases, which will not be considered.
Creep mechanisms are very often based on experimental data which 
are fitted to existing empirical and/or theoretical equations. For 
some metals and alloys a deformation map, Fig. 3-4, is available with which 
it is possible to define a creep mechanism on the basis of temperature and 
stress. Deformation maps were first introduced in 1963^*^ which cover the
98
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whole range of plastic deformation including creep. Most of the subsequent
('39')
development work in this field was done by Ashbyv J. Work On the defor­
mation map for stainless steels started earlier but the first published
work by Beckitt et al^^ appeared in 1974 which was later conpleted by 
(41VBhargava et al^ J. Fig. 3-4 shows the deformation map for SF304L
austenitic stainless steel. With the aid of such maps a deformation
mechanism can be identified for a given applied stress and temperature,
and if there is a transition from one mechanism to another the temperature
and stress regions over which the transition takes place can be obtained.
Substructure has a great effect on plastic deformation but it does not
affect all the fields in the map equally. For example, the effect of
microstructure will be greater in the dislocation creep region than the
(391diffusional flow region. According to Ashby ^ J the present deformation
maps are not complete and he believes that several fields of deformation
mechanisms are still missing from the present maps. In the construction
of the maps approximations are made and in some cases empirical equations
are used to construct them. In certain ways they could be "improved, but
the major and fundamental problem is the lack of good understanding of
(391creep mechanisms in metals, particularly in alloys. Ashby^ J defines 
deformation in the following way:
1. Defect-less flow which takes place when stress exceeds the 
theoretical shear strength even in defect free crystals.
2. Glide motion of dislocations which can lead to extensive 
plastic deformation. Both defect-less flow, and glide motion 
of dislocations can cause plastic deformation at and below room 
temperature.
3. At high temperature (>0.5 Tm where Tm is the melting point)
the ability of dislocations to glide and climb introduces a new 
mechanism which is called dislocation creep. It could be argued . 
that dislocation creep and dislocation glide are two
indistinguishable mechanisms, but on comparing the activation 
energies of the two processes and their stress dependence it 
becomes obvious that the two processes are different.
4. As mentioned earlier, another type of plastic flow is diffu- 
sional flow which results from the flow of point defects 
through the grains and is called Nabarro-Herring creep. The 
amount of plastic flow is small in this type of deformation 
but it is measurable.
5. Another diffusion controlled plastic flow is Coble creep.
In this case diffusion of point defects is along the grain 
boundaries. The amount of plastic flow is also small but 
measurable.
6. Mechanical twinning can also provide limited amount of 
plastic deformation and is considered as a deformation mecha­
nism in metals and alloys.
From the above six mechanisms of deformation dislocation creep and 
diffusional creep are of importance in the present work and will be. discussed 
in detail.
3.2.1 Diffusional Creep
At high temperatures point defects are present in metals and as the 
temperature increases the number of these defects increases. An external
stress can influence the diffusion of these point defects in single crystals
(42 431 (441or polycrystalline materials. Nabarrov ’ J and Herring^ J were the
first to formulate a creep equation for diffusional creep. Their obser­
vation indicated that in a pure metal, when stressed, vacancies flowed 
through the grains or grain boundaries causing grain elongation in one 
direction and contraction in the other. The direction of elongation was 
determined by the direction of applied stress and the component of resolved 
sheer stress acting on the grain. Depending on the vacancy flow path the 
diffusional creep is divided into two types:
a) Coble creep, or
b) Nabarro- Herring.
Coble Creep
(451Coble ^ J showed that stress-induced diffusion of vacancies could
take place by grain boundary diffusion as well as by volume diffusion.
In this case the creep rate increases with the reciprocal of the cube of
the grain diameter. In solving the diffusion equation Coble ended
up with an equation for steady state creep of the form:
148c D, W!23
e   s  3-1
(d) kT
where a is • the applied stress, is the coefficient of grain boundary
diffusion, d is the grain size, k is Boltzmann's constant, T absolute
(341temperature, and W is defined as effective boundary width. Mukherj eev J 
assumed the grain boundary width to be equal to 2b and normalised stress 
dividing it by the shear modulus, G, in order to be able to compare 
equation 3-1 with other creep rate equations, and obtained:
* “ 4S(*f(§)' t? 3-2
where d is the average grain diameter, and b is the Burger’s vector. The 
grain boundary diffusion mechanism should predominate over the volume 
diffusion (Nabarro-Herring) mechanism when:
48(l) tt) > 7
where D is the volume diffusion coefficient. It has to be noted that in
equation 3-2 the stress exponent is unity, indicating that the creep rate
is proportional to the applied stress. Recent work of Misro and Mukher j ee^^ 
(471and Vaidya et al^ J has confirmed the operation of Coble creep in a 
Zn-22!A1 eutectoid alloy at stresses below lCf ^G. If subgrains are present 
in the material and act as sources and sinks for vacancies, the subgrain 
size should be taken instead of grain size. This results in a higher creep 
rate than when subgrains are absent or if they are present and do not act
as sources and sinks for vacancies.
Nabarro-Herring Creep
This type of creep results from the diffusion of vacancies from 
regions at high chemical potential at grain boundaries subjected to a normal 
tensile stresses to regions of lower chemical potential where the average 
tensile stresses across the grain boundaries are zero. The atoms migrating 
in opposite direction account for the creep strain. This type of creep 
requires a non-uniform vacancy concentration at different grain boundaries.
Assuming C *to be the equilibrium vacancy concentration, then at different
+ — + — 
boundaries vacancy concentration has to be c and c where c >Ceq>c . In
this case there will be a vacancy concentration gradient of _9C and the
3X
flux of vacancy can be calculated from the Fick’s first law. For a simple 
case of a single crystal Nichols making some assumptions, solved the 
flux equation:
J  =  _T)
v v 8X 
and obtained a solution of the form:
3-3T 2D c • , v ~ Ln
fta
w
where D is the diffusion coefficient equal to D = D C ft, where ft is ^ v eq
the atomic volume, and L the mean free path for the diffusion of vacancies. 
The vacancy creep rate is then given by:
£ „ CD Jto 3-4
IT KT
Nabarro’s original equation had the form:
c = A 2^2. 3-5
where d is the average grain diameter and An is a constant estimated to
f42 491have values between 5 to 8 ^ J. Nabarro-Herring creep does not involve 
the motion of dislocations. It may be the rate controlling mechanism at 
low stress levels for fine grain size materials. In this type of creep 
very small primary creep is observed.
3.2.2 Dislocation Creep
In dislocation creep strain results from the motion of mobile 
dislocations and this could be glide and climb of edge dislocations, or 
glide and cross slip of screw dislocations. One or two of the above 
mechanisms will be the rate controlling mechanism and others will contribute 
to the total strain. For example climb of dislocations may be the rate 
controlling mechanism whenever dislocation glide is fast. When solute 
atoms are bound to dislocations by Cottrell atmospheres or other 
interactions,C51>52) veiocity of glide can become lower and the glide 
of dislocations can be the creep rate controlling mechanism. In the case 
of solute drag in solid solutions any disorder introduced by dislocation 
glide has to be controlled by the rate of diffusion of solute atoms. In 
an ordered or partially ordered solid solution glide of dislocations can 
also be slowed down by the introduction of disorder as a result of glide.
The effect of temperature and stress is very significant in dislocation 
creep, and one can get considerable information from the variation of 
steady state creep rate with temperature and stress. The effect of stress 
on secondary creep rate has received extensive attention and the experi­
mental data lead to a relationship between the minimum creep rate and stress 
of the fom:
es = ADvon 3-6
where A is a constant, Dy the diffusion coefficient, a the applied stress 
and n is the stress exponent. The value of n varies from about 3 to 7 for 
various solid solutions and pure metals, but values as high as 10-13 have 
been reported in the literature ^ .
3.3 Dislocation Creep Models and Theories
3.3.1 Dislocation Climb
The first dislocation model of creep was proposed by Taylor He
based his theory on the long range stress field that dislocation exert upon 
each other, and calculated the amount of hardening due to dislocation
structure. Assuming a uniform dislocation distribution in the material,
the stress a dislocation experiences is given by:
_ Gb 7 na = ~--- 3-7
s
where G is shear modulus, b is the Burgers vector, rg is the average
distance between adjacent dislocations, and for uniform dislocation
distribution rg where p is the dislocation density. When the externally
applied stress is lower than the above stress, the dislocation density
remains constant and there will be no plastic deformation. If, on the
othe hand, it exceeds the above stress, the materials begins to work harden
and new dislocations are generated and move an average distance of Lg
before they become immobile. The amount of plastic deformation introduced
e 1by dislocation motion will be equal to e = pbLs and p = or rg = -—
VBEi
so replacing rg in equation 3-7 with its suggested value and differentiating
with respect to e, the following equation for work hardening results:
3o _ 1 /Gb\2 o
37" ZEBEJ • \7t) 3-8
This work hardening results in network refinement and introduces extra
stored energy into the system, and thermodynamically can not be the most
stable form of the material. Thus, if an activation energy is provided,
the structure will coarsen and the stored energy will be released. Friedel
showed that:
dre DGb^CT , 
s = _V J _1_ VQ
dt kT " rc * ys
vdiere Dv is the vacancy diffusion coefficient, Cj the jog concentration 
and rg is again the average dislocation spacing. By differentiating 
equation 3-7 we get:
i  = r ^ z
5 2,rrs
Combining equation 3-9 and 3-10 and assuming Cj to be unity gives the rate
(55)
of recovery which for dislocation climb controlled creep is:
3-11
?where A is a constant and is equal to 4tt . At a constant externally
kT
applied stress and constant temperature the rates of work hardening and 
recovery will be equal, and a constant creep rate will result which will be: 
-3a
from stress relaxation and creep tests on magnesium. In this model
dislocation creep rate is determined by the rate at which mobile dislocations
can move through the crystalline structure. The resistance to their motion,
for example by nonconservative motion of jogs in the screw components, can
reduce the creep rate and affect the rate controlling mechanism. In
modem dislocation theories the effect of both climb and glide is being
taken into consideration and there is better agreement between theoretical
f49 561models and experimental results. Gibbsv 9 J based his model on an equation
T571suggested by Cottrell^ J that the strain rate produced when a certain 
number of mobile dislocations, p, moving with a mean velocity, v, is equal 
to:
where b is the Burger's vector. In order to maintain a constant strain 
rate it is necessary to have constant mobile dislocation density and/or 
constant mean dislocation velocity. During primary creep both have varying 
values, but become constant in the secondary creep stage. On straining 
during secondary stage some of the mobile dislocations may be immobilised 
and, as a result, new mobile dislocations must be introduced into the system 
in order to keep the number of mobile dislocations and hence the creep rate
3-12
3e
vtfiere A^ is a new-constant.
f491Another model suggested by Gibbsv J was based on creep data obtained
i = bpv 3-13
constant.
Gibbs among others (36,58-60) was able to suggest an equation for
the gliding dislocations. He assumed that the rate of dislocation glide 
was controlled by the nonconservative motion of jogs on screw dislocations. 
If jog motion is supposed to be controlled by the lattice diffusion of 
vacancies, the commonly observed self-diffusion activation energy for high 
temperature creep can be explained. It is, however, difficult to account 
for the variation of secondary creep rate with the applied stress raised 
to the fourth power (equation 3-12) without assuming a strong stress 
dependence of mobile dislocation density. Weertman^’^  objected to the 
jogged screw dislocation model on the grounds that vacancy diffusion 
between the emitting and absorbing jogs ought to take place mainly along 
the dislocation core with an activation energy much less than that for 
self diffusion. His objection was for the case where the number of vacancy 
absorbing and vacancy emitting jogs are equal in number. If, on the other 
hand, the number of vacancy emitting jogs is larger, the extra vacancies 
produced have to diffuse through the lattice and the activation energy will 
be that of self diffusion. Gibbs in his model assumed vacancy migration 
mainly through dislocation core, and he further assumed a jog spacing of 
L and related the core diffusivity coefficient, D^ , to the self diffusion 
coefficient, Ds, by an equation of the form Dg . He suggested the
following equation for the velocity of dislocations:
where o* is the internal back stress due to dislocation pile-ups, which 
was proportional to the immobile dislocation density, p^ , so that: 
a* = AGb/p7 3_15
3-14
where A is a material constant of the order of 0.4. If a~g-? »  kT, the
Lb
equation for dislocation velocity (3-14) reduces to:
Having an equation for the dislocation velocity Gibbs was able to propose 
an equation for the steady state creep rate of the form:
f0*W s\ 4 e = A|—~— - = Bcr 3-17
\G kT J
-4 -1He assumed that at low strain rates i < 10 sec , the internal stress is 
approximately equal to the externally applied stress. Equation 3-17 is 
algebraically similar to equation 3-12 which is based on the dislocation 
recovery model.
Weertman’s name has long been associated with dislocation and creep
theories. Since his early theories on dislocation creep,(63,64)
(29 33”)continuously improved his models and published review papers^ ’ J. In
('33')
the last onev J Weertman covers all areas of high temperature creep 
produced by dislocation motion. According to Weertman, for almost any 
crystalline material, the value of activation energy for the steady state 
creep is equal to the activation energy of self diffusion, and on the basis 
of high pressure experiments on a number of metals, the activation volume 
of diffusion and creep are equal. Consequently, he postulated that any 
creep mechanism or theory should be based on diffusion controlled mechanisms. 
However, difficulties arise when the measured activation energy for creep 
is either smaller or much higher than the activation energy for self 
diffusion. This discrepancy will be discussed in the next section.
According to the model due to Weertman, a power law creep equation of 
the form:
e cc A c11 3-18
can explain all creep mechanisms for pure metals and alloys. But it is 
essential to find n and A from theoretical models and compare them with 
the existing experimental data. For example, for Nabarro creep he suggested 
the following equation:
\ / \3
where cs^ is a constant estimated by Weertman to be 0.1 and by Nabarro
to be 0.01 and 3 is another constant that appears in equation for dislocation
density:
- / Bcr \2 ' _ Gbv^
p " [V5) or 3 = “ F “ 3-20
If 3 in equation 3-19 is replaced by equation 3-20, equation of Nabarro 
creep suggested by Weertman becomes first power stress dependent, 
similarly to equation 3-5 which has been discussed earlier. In the presence 
of sub-grain boundaries, for Nabarro creep,Weertman suggested an equation 
of the form:
£NCs.gr(fr) (&) (sr) 3-21
where again a is constant of the order of 5, ft the atomic volume, and 
XQ a constant in the subgrain size and stress dependence equation:
X = X0(f) 3-22
Substituting XQ into equation 3-21 e^s  ^again becomes directly proportional 
to stress. Weertman in developing Nabarro Creep with the presence of 
subgrains assumed that subgrain boundaries were good sources and sinks for 
vacancies. (33,65) -j-n weertman’s analysis subgrains form during primary creep 
and their size is stress dependent.
For glide and climb creep Weertman suggested that creep rate should be
equal to:
s =amI (s)4‘5 (w) 3'23
fyQ
where A is a constant given by A = — g and M the number of activated
b
dislocation sources in a unit volume. If the ad. hoc assumption is made that 
the source density, M, is independent of the applied stress, the equation 
3-23 predicts the correct stress dependence for pure metals. If, on the
other hand, it is argued that the active source density is stress dependent,
it is necessary to find a relationship between M, dislocation density, p,
and the applied stress for every condition. In correcting for a stress 
dependent active source density Weertman suggested an equation of the 
form:
V c  = a1(^) (kt) 3-24
This equation in fact is essentially the same as equation 3-21. However, 
frequently the relationship between M and a is not available and this is 
why empirical equations are developed and reported in literature with 
different values of the stress exponent.
From the above discussion it is clear that the minimum creep rate 
can be expressed by a general equation of the form:
\n
e = A (£ 3-2S
where A and n are parameters that must be determined for each specific 
condition.
(34')
In a recent review paper Mukher j eev J tried to correlate existing 
theoretical equations with the existing experimental data and, for all 
diffusion controlled creep mechanisms, he suggested an equation of the form:
• s * - AS f  3-26
where A and n are creep mechanism constants, G shear modulus, D coefficient 
of diffusion, T absolute temperature, k Boltsman constant and b the Burger’s 
vector. For Nabarro-Herring creep n has a value of one and for different 
materials the experimental data is checked against predicted values using 
a theoretical equation of the following form:
5s ®  = \(l) (3) 3-27
Here A = A^bj where An is a constant for Nabarro-Herring creep and d is 
the grain diameter. Fig. 3-5 shows the correlation between the existing 
experimental data and the theoretical equation 3-27. From the figure it 
can be seen that the correlation is good. In the above analysis subgrain 
Nabarro creep is not included because theie are no experimentally reported data.
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Code for experimental data:
For climb-controlled creep in pure metals equation 3-26 generally
agrees well with the reported experimental data with n ranging from 4 to
7. Again it is assumed that the creep is diffusion controlled and the
activation energy for creep is close to the activation energy for self-
diffusion. Mukherjee’sv J comparison of the available experimental data
with the predicted values is shown in Fig. 3-6.
The reason for the lines in Fig. 3-6 not coinciding within experimental
error may be that there still are variables which have not been taken into
consideration in equation 3-26. An important observation made by Barrett
and Sherby^^ was that the creep rate seemed to increase with increasing
stacking fault energy. They suggested that the stacking fault energy
affected the numerical constant in the creep equation. Subsequent work of 
f29i
Mukher j ee ^ J indicated that the stress exponent, n, increases with decreas­
ing stacking fault energy, y  Figure 3-7 shows the variation of n with
rn_
—  where G is the shear modulus and b the Burger’s vector. Stacking fault 
rF
energy is so low that cross-slip becomes very difficult as partial dislo­
cations do not take part in plastic defoimation. Sherby and Burk have 
subdivided solid solutions into two classes:
Class I: Alloys which are not influenced by stacking fault energy
(low yp values). For these alloys the theoretical stress exponent has a 
value of three (n = 3).
Class II: Alloys which are influenced by stacking fault energy 
(high Yp values). For these alloys the stress exponent is generally 
reported to have a value of about five ( n = 5).
The existing experimental data for solid solution alloys can be 
explained using similar equation to equation 3-26, if creep is diffusion 
controlled, dislocation climb mechanism. Again n varies from 4 to 7 for 
different solid solutions.
So far in all the dislocation creep models discussed it has been 
assumed that glide of dislocation is fast and is not the rate controlling
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mechanism. In solid solutions, on the other hand, solute atoms may be 
bounded to dislocations and glide of dislocation requires diffusion of
been widely reported. Its most interesting aspect is that the stress 
exponent in the general creep equation has a value of about 3. However, 
because of lack of data and a more generally unacceptable view, this model 
is not to be considered further.
3.3.2 Dislocation Cross Slip
Poirier has recently introduced a high temperature creep model 
which is also based on the balance between the rate of work hardening and 
the rate of recovery. In this model the recovery process involves cross 
slip of screw dislocations as well as climb of edge dislocations. Poirier 
considers cross slip as another recovery mechanism which has to be taken 
into consideration during high temperature creep. An interesting aspect of 
this model is that both recovery mechanisms operate simultaneously and 
control the steady state creep rate. As a result there can be two different 
creep regimes, dominated either by climb or cross-slip, at different 
temperatures and stress levels depending on the relative magnitudes of the 
activation energies for self diffusion and for cross slip. In developing 
the model Poirier made some assumptions in order to make the problem less 
complicated. For simplicity he considered a dislocation loop of rectangular 
shape, so that when this loop moved both edge and screw dislocation compo­
nents could be blocked. For continuous motion they had to be unblocked by 
recovery. The strain in this model results from both sources and could be 
written as:
where is the strain resulting from mobile edge dislocations and es the 
strain resulting from the screw dislocations. If both sources are rate 
controlling, then the total creep rate will be:
these solute atoms away from them. This type of creep has not
3-28
3-29
If tg and tg are the average times required for unblocking of an edge or 
screw dislocation, respectively, and t the time required for glide of
o
these dislocations, it is assumed that:
t «  t„ and t «  t g E g s
In other words dislocation glide does not control creep rate. The creep
rate can then be written as:
eE es
e = iF- + ~  3-30
E rs
If ALg and ALg are taken as the distances swept by the edge and screw 
dislocations of Burger’s vector, b, after unblocking by climb and cross 
slip, respectively, the creep rate will be given by:
ALp AL
4 = ’Eb ^ + p sb T 7  3'31
where pg and pg are the mobile dislocation densities of edge and screw 
dislocations, respectively. Substituting for tg, ts, pg and pg and simpli­
fying intermediate stages of derivation Poirier obtained the following
creep rate equation:
»3 Qe nl r / v2 0o\ __ xs.D . . fo\   c^.:
eo,s.DfG) exp “ T F J  + Leo,c.s(llj exp " kT
__ x s 3-32
The first term in equation 3-32 is similar to the theoretical equation 
(equation 3-24) suggested by Weertmanfor dislocation glide and climb, 
where climb is the rate controlling process. The second part has an 
exponential form since is a function of stress and stacking fault 
energy. A significant result of this model is that the Arrhenius plot of 
Ln e vs y  should not be a straight line over the whole temperature range.
The mechanism with the higher activation energy will dominate the creep 
recovery at higher temperatures and the mechanism with the lower activation 
energy will be dominant at lower tenperatures. Also, a plot of Ln i vs Ln o 
will not be a straight line either, and, as a result, the stress exponent 
will be different in the lower and ,higher stress regions. The most
interesting point is that the high stress region does not have to be the 
cross slip dominated region. The domination by one mechanism -will depend 
on the relative activation energies of the two systems. When both mechanisms 
operate simultaneously the stress exponent will depend on the stress as 
well as temperature, and the activation energy may depend on the temperature 
as well as stress. It is interesting to consider a three dimensional 
representation of e - fCLna,^ ) as suggested by Poirier. Figure 3-8 
shows a schematic variation of minimum creep rate with stress and tempera­
ture. The intersection of = constant plane gives the plot of minimum 
creep rate vs stress, and the intersection of Lna - constant gives the 
Arrhenius plot of Lne vs This point will be elaborated further in the 
discussion of transition creep in section 3.6.
3.4 Effect of Microstructure and Substructure on Creep
It is sometimes difficult to differentiate between micro structure and 
substructure. In literature "substructure” generally refers to dislocation 
arrangements, and sometimes to the distribution of fine particles which 
cannot be seen in the optical microscope. On the other hand, grain structure, 
phase distribution, twin boundaries and inclusions are referred to as micro-
structural constituents, as they can be examined both quantitatively and
qualitatively by the optical microscope. The effect on creep properties of 
microstructure and substructure can be appreciable. In pure metals the 
microstructure is almost constant as only the grain size can be varied. The 
substructure, on the other hand, can be controlled by pre-treatment, or it 
can result from the primary creep deformation. Most metals develop
subgrains during creep at temperatures above 0.5 Tm. The effect of sub­
structure becomes more important in alloys containing second phase particles.
In recent years much more emphasis has been placed on studying the effect
f71 721of substructure on high temperature creep properties. 9 J Special
attention has been given to subgrain formation and its effect on steady
r33 73-811
state creep -9 9 J at high temperatures. Substructural changes as
(b)
3-8: in e = f(ln a, 1/T) surfaces. The portion of the surface corresponding 
to conditions where climb controls is a plane (stippled). The^ 
transition region is not represented. The sections by In e - ^
planes (Arrhenius curves) and by In e - ln a curves are represented.
Note that in the cross-slip-controlled region Qcs decreases as o 
increases and 3 ln e/3 ln a increases as T decreases, a) Case where
Qcs < Qs d . The climb-controlled region is situated at higher
temperatures, b) Cas ». The climb-controlled region
is situated at lower
well as subgrain growth or refinement can affect creep properties. The
general creep equation (e.g. equation 3-21) also applies to materials
containing subgrains, but n has a higher value. Values of n as high as
8 have been reported for the case where subgrain boundaries were
stabilised by precipitate particles which resulted in constant subgrain
size during creep and independent of applied stress. The subgrain size can
also influence the diffusion path of vacancies formed during creep and
since creep mechanisms discussed earlier involve vacancy formation and
migration, the activation energy of creep and the creep rate can be affected.
3.5 Activation Energy of Creep
Creep is a thermally activated process, and its temperature dependence
can be described by an Arrhenius type equation. Several investigators
46,82) kave found that the temperature dependence of steady state creep
can be expressed by an equation of the form:
-0 /RT
h = f0)e ^ 3-33
where is the activation energy of creep which was shown to be indepen­
dent of stress . Sherby and Burk^^ demonstrated that the above equation 
is valid for the determination of activation energies. They also found 
that the values of activation energy for creep were very close to the 
activation energy of self diffusion. This is valid only when the operating 
creep mechanism is somehow related to the diffusion of vacancies, i.e. 
dislocation climb, Narbarro-Herring or jogged screw dislocation models of 
creep are operational. High temperature creep, on the other hand, is 
complex and other mechanisms, having higher or lower activation energies, 
are often operative. Furthermore, as discussed earlier, two or more creep 
mechanisms can operate simultaneously with one of them being rate control­
ling. In these cases the activation energy will be different from that of 
self diffusion. It is experimentally very difficult to measure the actual 
value of the activation energy, since the exact form of f(cr) is rarely 
known. If f(c) depends both on temperature and stress, the plot of Ln e vs ^
will not give the actual value of the operating activation energy. In
temperature in niobium stabilised stainless steel, and that the activation
energy is a function of stress. The variation of the stress exponent with
temperature as reported by McLauchlin, is shown in Fig. 3-9, and the
variation of the activation energy with stress in Fig. 3-10. McLauchlin
concluded that the temperature dependence of the stress exponent arises
from the temperature dependence of the internal back stress generated by
NbC particles and it can affect the measured activation energy. Consequently,
the activation energy (which is stress dependent and higher than the
activation energy for self diffusion) measured at high stresses has no
physical significance and can be considered as a temperature coefficient.
This cannot be a general conclusion, because in his analysis McLauchlin
2considered the higher stress region (stress greater than 80 N/mm ) only.
However, in the lower stress region there is a significant increase in
activation energy, and therefore, there must be a change in creep mechanism.
Consequently, activation energy measurements should give some useful
information, even if it is on a comparative basis.
(29')As mentioned earlier, Mukherjee et alv J have shown that when creep 
is diffusion controlled the steady state creep rate can be represented 
better by an equation of the form:
The activation energy calculated from equation (3-34) will be slightly 
different from the activation enthalpy of diffusion because of the inclusion 
of G and T in the creep equation. The activation enthalpy of diffusion is 
defined as:
fact McLauchlinhas reported that the stress exponent, n, varies with
n
3-34
■jj _ BLnD 3-35
and the activation energy of creep is defined as:
28 -LJ • 
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(29')Mukherjee^ J defined an activation enthalpy for creep, which did take 
into account the introduction of T and G into the creep equation (3-34), 
giving:
Hc = KT [fo-l)(£](-|g - 1] 3-37
Mukherjee then compared the activation enthalpies, Hc, calculated from 
the above equation with the reported enthalpies for self diffusion and 
concluded that the agreement was better than with those obtained from 
equations (3-35) and (3-36). This can be true when creep is exclusively 
diffusion controlled and that the major diffusion mechanism is volume 
diffusion instead of grain boundary or other fast type of diffusion. In 
Table 3-1 are compared enthalpies of creep and self diffusion for a number 
of metals. The large difference between the values for Fe-4%Si is suggested 
to be due to short range ordering in this alloy. More data on activation 
energies of creep could be found in a book by Garafalo^^.
Table 3-1
Metal n Enthalpy of Creep Hc Kcal/mol
Enthalpy of 
Diff. Hp Kcal/mol
A1 4.4 34.0 34.0
Cu 4.8 48.4 47.1
Au 5.5 48 ± 0.5 41.7
Ni 4.6 66.5 66.8
Ag 5.3 43 44.1
Pb 4.2 24.2 ± 2.5 24.2
a-Fe 6.9 63.0 60-64
Fe-4ISi 5.75 71.4 54.4
Ta 4.2 114 ± 4 110
Mo 4.3 93 92.2
Cd 4.3 19 ± 2 19.1
Zn 6.1 21.6 ± 1 24.3
3.6 Transition in Creep
3.6.1 Introduction
Over a wide range of temperature or stress there is unlikely to be 
only one creep mechanism operative, and a change of creep mechanism is 
likely to alter the stress exponent, n, and/or the activation energy. This 
transition in creep can be interpreted in terms of deformation maps as 
explained in Section 3.2. The transition may be from diffusional creep to 
dislocation creep, or dislocation creep to dislocation glide, or between 
different dislocation creep mechanisms. The activation energy may remain 
the same but the stress exponent may change (i.e. Nabarro-Herring and climb 
controlled dislocation creep); or the stress exponent may remain the same 
but the activation energy may change. In the case of subgrain diffusional 
creep and viscous glide, the stress exponent is suggested^9^  to be 
three, but in the first case the activation energy for creep is of the order 
of magnitude of that for self diffusion, whereas in the second case of that 
for solute diffusion in solute drag or self diffusion for jog-drag.
3.6.2 Effect of Stress and Temperature
The transition point will depend both on stress and temperature and 
there may be a region of transition as well. Gifkins®^ has analysed 
transition creep behaviour in general indicating the presence of a ’’parallel- 
concurrent" region. If a creep stress lies in a "parallel-concurrent’ 
region a stress exponent will be obtained which will belong to neither of 
the operative creep mechanisms. In Fig. 3-11 there are two distinct regions 
with different stress exponents. In Fig. 3-11 a combination of high stress 
exponent of five and low stress exponent of one could yield a stress exponent 
of three in the stress region between cl and a2. Sometimes the gap of 
transition region may be very large and the experimentally chosen stress 
range may fall into the transition region thus including values of n such as 
4.2, 6.1, or 5.4, (Figs. 3-lla, b, c). Since creep is a thermally activated 
process, the transition region will be temperature dependent as well, as shown
schematically in Fig. 3-12.
A transition in creep mechanism can be introduced into the alloy by
variations in substructure. Niobium stabilised stainless s t e e l i n
its stabilised condition does not show any transition over the stress range 
2 2from 40 N/mm to 150 N/mm at 800 C, and has a stress exponent of about
seven. In the MMTT (Multiple Mechanical Thermal Treated) state, however,
?the creep rate shows a transition at a stress between 70 to 80 N/mm and 
the stress exponent has a value of 2.8 for low stresses and 6.05 for high 
stresses^.
3.6.3 Activation Energy
For the same reasons discussed in the preceeding section, if the 
experimental temperature range falls within the transition region odd values 
of activation energies can be obtained, as shown schematically in Fig. 3-13.
It is clear from Fig. 3-13 that if a tenperature range between T^ and T2 is 
chosen the measured activation energy [Fig* 3-13b) will be higher than 
and smaller than C^ . This will make the identification of the creep 
mechanism very difficult. In conclusion, for creep study, which is a very 
complicated metallurgical process, it is essential to be very careful in 
choosing experimental variables such as stress, tenperature and the treatment 
in order to obtain meaningful data. In Table 3-2 are summarised the most 
common creep mechanisms with suggested equations and constants.
4. AUSTENITIC STAINLESS STEEL
4.1 Introduction
Stainless steel has been widely used in standard and non-standard grades. 
Its superior corrosion properties, very often combined with reasonably good 
mechanical properties, with alloying addition has made it one of the major 
industrial alloy classes. Its wide range of composition and mechanical 
properties can not be dealt with here, therefore aspects which are related 
to the present study will be considered only.
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Table 3-2
Creep
Mechanism
Creep
Equation
Diffusion
Mechanism
Activation
Energy n
Nabarro e°=Acr Vacancy exchange 
by volume
Self diffusion 1
Cobal e°=A g^ Vacancy exchange 
by grain boundary 
diffusion
Smaller than 
self diffusion
1
Weertman 
Glide and 
Climb
O T> 4 e =Bg Volume diffusion Self diffusion 4.2-5.5 
increasing 
with Gb 
Y
Weertman
Viscous
Glide
0  ^3 e =cg Chemical inter- 
diffusivity
Chemical
diffusion
3-3.5
Viscous
Glide
Jog-drag
o n 3 e =Dg Vacancy diffusion 
through dislo­
cation core
Self diffusion 3
Weertman
Subgrain
Creep
o 1 3E =C G Vacancy by volume Self diffusion 3
Poirier 
Climb - 
Cross slip
o » 2 - 3 £ =Ag +Bg Volume diffusion Higher or 
lower than 
self diffusion
Variable
4.2 General Properties
Standard austenitic stainless steels usually contain between 16 and 
26 per cent chromium and depending on the chromium content enough nickel 
is added to stabilise austenite at room temperature. Reliable information 
is. now available on the mechanical and chemical properties of the alloys
("87-891 rgcn
. Table 4-1'* ; gives the nominal composition of standard austenitic
stainless steel. Included in the Table are AISI 321, a titanium stabilised
steel and AISI 347, 348 niobium stabilised stainless steels. Typical room
temperature tensile properties of the annealed standard stainless steels
f911are given in Table 4-2v J. As can be seen, the tensile properties of the
different grades are close, differing by not more than thirty per cent.
Table Zf-'l Chemical Composition of Chromium-Nickei and 
Chromium-Nickei-Manganese Austenitic Stainless Steels
Chemical composition, %
C Mn P S Si
Type max max max max max Cr Ni Mo Other
201 0.15 5.50-
7.50
0.050 0.030 1.00 16.00-
18.00
3.50-
5.50
N 0.25 max
202 0.15 7.50-
10.00
0.050 0.030 1.00 17.00-
19.00
4.00-
6.00
N 0.25 max
301 0.15 2.00 0.045 0.030 1.00 16.00-
18.00
6.00-
8.00
302 '0.15 2.00 0.045 0.030 1.00 17.00-
19.00
8.00-
10.00
302B' 0.15 2.00 0.045 0.030 2.00.
3:00
17.00-
19.00
8.00-
10.00
303 0.15 2.00 0.20 0.15
min
1.00 17.00-
19.00
8.00-
10.00
0.60*
max
303 Se 0.15 2.00 0.20 0.060 1.00 17.00-
19.00
8.00-
10.00
Se 0.15 min
304 0.08 2.00 0.045 0.030 1.00 18.00-
20.00
8.00-
12.00
''
304L 0.030 2.00 0.045 0.030 1.00 18.00-
20.00
8.00-
12.00
305 0.12 2.00 0.045 0.030 1.00 17.00-
19.00
10.00-
13.00
308 0.08 2.00 0.045 0.030 1.00 19.00-
21.00
10.00-
12.00
309 0.20 2.00 0.045 0.030 1.00 22.00-
24.00
12.00-
15.00
309S 0.08 2.00 0.045 0.030 1.00 22.00-
24.00
12.00-
15.00
310 0.25 2.00 0.045 0.030 1.50 24.00-
26.00
19.00-
22.00
310S 0.08 2.00 0.045 0.030 1.50 24.00-
26.00
19.00-
22.00
314 0.25 2 00 0.045 0.030 1.50-
3.00
23.00- 
26.00 .
19.00-
22.00
315 0.08 2.00 0.045 0.030 1.00 16.00-
18.00
10.00-
14.00
2.00-
3.00
316L 0.030 2.00 0.045 0.030 1.00 16.00-
18.00
10.00-
14.00
2.00-
3.00
317 0.08 2.00 0.045 0.030 1.00 18.00-
20.00
11.00-
15.00.
3,00- . 
4.00
321 0.08 2.00 0.045 0.030 1.00 17.00-
19.00
9.00-
12.00
Ti 5 X  C min
347 0.08 2.00 0.045 0.030 1.00 17.00- 9.00- Cb-Ta 10 X  C min
19.00 13.00
348 0.08 2.00 0.045 0.030 1.00 17.00- 9.00- Cb-Ta 10 X  C min
-
19.00 13.00 Ta 0.10 max, Co 0,20 
max
* Optional.
Non-standard stainless steels are also widely used. They are very often 
designed and developed for a specific use (heat resistant, creep resistant 
or weldable stainless steels). They are designated either by the name of 
the company which developed the alloy such as FV548 (FV standing for 
Firth Vickers) essentially a 18-10 niobium stabilised stainless steel, 
with some 0.01 percent boron addition, or they are simply named with their 
Cr-Ni and major alloying element additions such as 17-7A1 which is an age
hardenable alloy containing 1.21 Al, or with a trade name such as 440F 
a martens itic stainless steel with high carbon and chromium content 
without nickel.
Table A o T y p ic a l Room-Temperature Tensile Properties of Annealed Standard ! 
' Austenitic Stainless Steels
AISI Yield strength Tensile Elongation
Type (0.2% offset), psi strength, psi in 2 In., %
201 55,000 115,000 55
202 55,000 105,000 55
301 40,000 110,000 60
302 40,000 90,000 50
3026 40,000 95,000 55
303 35,000 90,000 50
303Se 35,000 90,000 50
304 42,000 84,000 55
304L 39,000 81,000 55
305 38,000 85,000 50
308 35,000 85,000 50
309 45,000 90,000 45
309S 45,000 90,000 45
310 45,000 95,000 45
310S 45,000 95,000 45
314 50,000 100,000 40
316 42,000 84,000 50
316L 42,000 81,000 50
317 40,000 90,000 45
321 35,000 90,000 45
347 40,000 95,000 45
348 40,000 95,000 45
Table 4-3 gives some examples of the non-standard stainless steels 
commonly used.
Table 4-5 Heat and Creep Resisting Steels
Brand
Chemical Analysis wtl
Name C Mn Si Cr Ni Mo Others
308L 0.025 1.75 0.40 21.00 10.00 - -
316F 0.06 1.50 0.50 18.00 13.00 2.25 0.13P, 0.15S
347F 0.05 1.25 0.50 17.50 9.50 - 0.13P, 0.30Sc, 
0.60Nb
FV548 0.08 1.00 0.50 16.50 11.50 1.50 l.ONb
PE 0.10 0.20 0.50 15-18 42-45 2.5-4.0 0.005B, 2Co 
max, 0.9-1.5 
Ti, 0.9-1.5A1, 
0.05Zr
Kromarc 58 0.04 10.0 0.50 16.00 20.00 2.25 0.2V, 0.01B, 
O.OlZr, 0.17N
20-29 Cu-Mo 0.05 0.75 1.00 20.00 29.00 2.20 3.20Cu
Most of the above steels are heat resisting and creep resisting and their 
elastic constants are less affected by temperature.
The strength of austenitic steels can be increased considerably by 
alloying and heat treatment. Alloying elements usually added are Cu, Al, 
Ti, Mo and Nb. Increase in strength of these stainless steels is usually 
based on the precipitation of carbide particles. The morphology of these 
particles can have a great influence on the mechanical properties which 
will be discussed in detail in the next section. Tables 4-4 and 4-5 give 
the composition and room temperature mechanical properties of some typical 
precipitation hardenable stainless steels
Table Typical Compositions of Precipitation-Hardenabie Stainless Steels— ■%
Composition, %
Steel C Mn Si Cr Ni Mo ' Cu • Ti Al Other
Class 1
17-7 Ti 0.07 0.50 0.50 16.8 6.8 0.8 0.2
17-4 Cu 0.06 0.50 0.50 17.0 4.0 4.0 0.35 Cb
15-5 Cu . 0.04 0.25 0.40 15.0 5.0 3.5 0.35 Cb
Class II *r*
17-7 Al 0.06 0.50 0.50 17.0 7.0 1.2
15-7 Mo A! 0.06 0.50 0.50 15.0 7.0 2.25 1.2
14-8 Mo Al 0.04 0.30 0.40 14.5 8.0 2.20 1.2
13-8 Mo Al 0.04 0.05 0.04 13.0 8.0 2.10 1.0
Class III
15-25 Ti 0.06 1.2 0.50 15.0 25.0 1.2 2.0 0.25 0.3 V
17-10P 0.12 0.75 0.40 17.0 10.0 0.3 P
18-9P 0.30 3.5 0.50 18.5 9.5 0.25 P
Table A.* R Typical Room-Temperature Tensile Properties of Annealed Precipita-
tion-Hardenable Stainless Steels
Yield strength Tensile Elongation
Steel (0.2% offset), psi strength, psi in 2 in., %
17-7 Ti 75,000 120,000 10
17-4 Cu 110,000 150,000 12
15-5 Cu 110,000 150,000 12
17-7 Al • 40,000 130,000 35
15-7 Mo Al 55,000 130,000 35'
14-8 Mo Al 55,000 125,000 25
13-8 Mo Al 100,000 160,000 15
15-25 Ti 37,000 90,000 77
17-10P 38,000 89,000 70
18-9P 56,000 116,000 57
4.3 Austenite Stability
Pure iron austenite is stable over the temperature range from 
910 to 1410 C. This temperature range is changed by the addition of 
alloying elements and in order to stabilise austenite at room temperature 
alloying elements should be added which make the y a transformation 
thermodynamically unfavourable. Otherwise below 910 C the austenite will 
transform into ferrite. Austenite can be retained at room temperature by 
small alloying additions and proper heat treatment, but this will result 
in metastable austenite which will transform to a more stable form by 
processes of comparatively low activation energy. Austenite cannot be 
stabilised by only a single alloying addition. The Fe-Ni, Fe-Cr binary 
equilibrium diagrams both indicate that the more stable form of iron at 
room temperature is ferrite. Since austenitic stainless steels contain 
Ni and Cr the stability of austenite should be discussed in the presence 
of these two elements. Carbon is kept to minimum because of carbide 
formation affecting corrosion properties and more complicated martensitic 
transformation. From the binary diagram of Fe-Cr it is evident that Cr 
is predominantly ferrite stabiliser at both lower and higher temperatures 
(Fig. 4-1)(92>93).
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Fig. 4-1 Cr-Fe Equilibrium Phase Diagram
On the other hand austenite stabilising influence of Ni is predominant
at some intemediate temperatures. Austenite can be stabilised to a
temperature as low as 400 C by Ni additions of up to 50 per cent (Fig* 4-2) 
(93,94)
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Fig. 4-2 Fe-Ni Equilibrium Phase Diagram
With reference to the ternary equilibrium diagram of Fe-Ni-Cr (Fig. 4-3),
austenite can be stabilised to room temperature by the addition of both
Cr and Ni. At 1100 C the only stable phases are y and a and depending on
the composition both phases can be in equilibrium. But as the temperature
decreases to 650 C a brittle phase (a CrFe) precipitates in high chromium
alloys of Fe-Ni-Cr. This a phase has a tetragonal complex structure and
is an intermetallic compound which is present in most of the transition 
(95)metal alloysv J. In selecting an austenitic stainless steel for use at 
high temperatures the presence of a phase should be avoided. 18Cr-8Ni
stainless steels lie outside the mixed y + a region (Fig. 4-3) and it is 
expected that this region becomes smaller as temperature decreases.
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Fig. 4-3 Fe-Ni-Cr Ternary Phase Diagram
Thus in 18-8 stainless steels a will not be present at room temperature, 
if .the alloy is cooled very slowly. At temperatures as high as 650 C the
composition of 181 Cr and 81 Ni austenitic stainless steels lie outside 
the region where a is in equilibrium with austenite. If for corrosion 
resistance reasons the amount of Cr is increased to 20 per cent or higher, 
the amount of Ni has to be increased accordingly to avoid a phase 
formation in the alloy. For example for 201 Cr the amount of Ni has to 
be it least 221 in order to avoid the presence of c at 650 C.
The effect of a phase on mechanical properties has been studied and
(95 96*)
can be found in literature^ 9 , but because of phase transformation
problems no detailed study has been carried out. It is believed that 
the creep resistance increases up to 750 C, but the temperature cycling 
in the transformation region may result in transformation of o to the 
low temperature products and back to o causing brittle failure.
Another aspect of austenite stability and alloy selection is the 
occurence of the martensitic transformation in Fe-Cr-Ni ternary alloys. 
Different types of martensite can be present in the alloy depending on the 
composition of the alloy. The three major types are hexagonal martensite 
(M ), martensite where units are small laths (M^ ) and martensite in which 
units are large plates (Mp)« The ternary section shown in Fig. 4-3 
indicates that martensite may be formed when, in some areas, austenite is 
quenched from 1100 C to very low temperatures (-200 C). The results for 
the construction of this section are taken from different workers and it 
is difficult to have complete confidence in the position of the zone 
- boundaries. All three types of martensite are present in the diagram. This 
diagram should not be taken to indicate that, if, for example, 18-8 stainless 
steel is quenched to room temperature, the microstructure will consist of 
Yu + M ,^ as the Mg temperature is around -100 . Martensitic trans­
formations have been widely studied(98,99) aSpects of the martensitic
transformation is reviewed in series of articles (100-106) pUbiished ^
1971.
4.4 Niobium Stabilised Stainless Steel
4.4.1 Introduction
Stabilising elements such as Nb and Ti have been added to different 
grades of austenitic and martensitic stainless steels to improve their 
mechanical and corrosion properties. The high creep resistance reported 
for Nb stabilised stainless steels at high temperatures is very often 
associated with low ductility. In this section the effect of niobium 
addition on stainless steel will be considered.
.4*4.2 Stabilising Effect of Niobium
Carbon present in Fe-Cr-Ni alloys precipitates in the form of 
M2 which is a chromium carbide containing up to 30 \rt% iron. It has a 
cubic structure and if the alloy is not heat treated the carbides precipi­
tate preferentially on grain boundaries. If nitrogen is present the 
carbide precipitates in the form of It,3(C+N)^ . This precipitate, which has 
a higher chromium content than the matrix, depletes Cr in the surrounding area 
leaving a low chromium content solid solution. This depletion adjacent to the 
precipitate particles makes the alloy sensitive to intergranular corrosion.
The function of stabilising elements is to combine preferentially with any 
carbon that otherwise might precipitate as a chromium carbide. Naturally 
the affinity of carbon must be much stronger toward the stabilising element 
than chromium. The elements most commonly used for stabilisation are 
niobium and titanium .
4.4.3 The Effect of Nb:C Ratio and Solution Treatment Temperature on 
the Mechanical Properties of Nb-Stabilised Austenitic Steels 
It is generally assumed that niobium carbide has the composition NbC, 
but there is evidence0-09,110) in steels it approximates more nearly 
to Nb^Cy According to Keown et a l ^ ^  the solubility data obtained 
confirmed that the composition of niobium carbide in equilibrium with 
austenite was Nb^Cy but they reported that if nitrogen was taken into 
account the compos iton moves away from Nb^ (CN) ^ towards Nb(CN). This has
been further confirmed with solubility data for steel of higher nitrogen 
content. The Nb/(C+6/yN) ratio has an important effect on the mechanical 
properties of stainless s t e e l s a s  illustrated in Figs 4-4 and 4-5.
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Fig. 4-4 Effect of Nt/(C+6/7N) 
ratio on the secondary creep 
rates of the 1050 and 1150 C 
solution treated 0.061 
(C+6/7N) niobium stabilised 
stainless steel
□ . solution treated a t 1150°C, and aged at 850°C  
for 300 h
I  solution treated at 1150°C, cold worked 10%, 
and aged at 850°C  for 300 h
Fig. 4-5 Effect of Nt/(C+6/7N) 
ratio on the secondary creep 
rates of the 1150 C solution 
treated, cold-worked and 
aged 0.06% (C+G/7N) niobium 
stabilised stainless steel
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It is interesting to note that in the alloy solution treated at 1150 C 
the creep rate shows a minimum at Nb/ (C+6/7n) ratio of about 10, which is 
close to the stoichiometric composition of Nb^(C+6/7N)3. This minimum is
enhanced when the alloy is solution treated at 1150 C, cold worked and 
aged at 850 C for 300 hours prior to creep testing (Fig. 4-5).
The effect of the niobium to carbon ratio on rupture life and ductility 
has also been studied in a 347 type stainless steel The solubility
of niobium carbide is a function of temperature which has been investigated 
by different workers 0-12,113). ^he solubility ratio reported by Keown et, 
al^ J is:
log ([Nb] [c]) = - ^Y^.+4.55 4-1 .
where [Nb] and [C] are the concentrations of Nb, and C, respectively,
dissolved in the austenite and T is the absolute temperature. As
temperature of solution treatment increases the amount of NbC soluble in
austenite increases. Keown et a l ^ ^ ,  whose results are reproduced in
Figs 4- 6 and 4- 7, studied the effect of solution treatment temperature on
the rupture life of several alloys with different Nb and C contents and
their ratios. In the figures the alloy composition is indicated by a
dot, the solubility curve is shown by curve (a) and Nb/(C+6/?N) ratio by
the straight line (b). The solution temperatures used were 1100 C
(Fig. 4-6) and 1300 C (Fig. 4-7). As it is evident from these figures,
the higher the Nb and carbon content and the closer to the stoichiometric
composition the longer is the rupture life. The stress and temperature
?
used for the creep rupture test were 183.3 N/mm and 700 C, respectively. 
Typical rupture lifes are ploted against Nb/(C+^N) ratio in Fig. 4-8 
for two different solution treatment temperatures. As it is evident from 
the figures maximum rupture life is again close to the stoichiometric 
composition and it is more significant in the alloys of higher carbon content. 
There is a very sharp drop in rupture life for high carbon steel with 
excess niobium, but the decrease of rupture life for lower carbon steels 
is gradual. These maxima have been confirmed on studying the effect of 
solution treatment temperatures by Keown and Pickering as shown
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Fig. 4-9 Effect of Solution Treatment Temperature and Nb/(C+6/7N) 
Ratio on Rupture Life of an Austenitic Stainless Steel
The above variation of rupture life with Nb/ (C+6/7N) ratio can be accounted 
for in terms of the Nb(CN) precipitate morphology. The maximum rupture 
life in Fig. 4-9 occurs at the stoichiometric composition because this 
alloy can result in relatively more uniform carbide distribution. With
the stoichiometric composition every possible nucleation site has got a 
chance of nucleating a niobium carbide particle.
4.4.4 Nucleation of Niobium Carbide
The general nucleation theories can be found in advanced physical 
metallurgy textbooks0-^ 4,115) not going to be discussed here and
emphasis will be put on the heterogeneous nucleation of Nb(CN) in super­
saturated systems. Precipitation of niobium carbide in commercial 
standard stainless steels (AISI 347) and 20Cr-25Ni niobium
stabilised steels and non-standard stainless steels has been widely studied 
(120-124) ^ precipitation of niobium carbide (NbC) or niobium carbo- 
nitride [Nb(CN)] in austenite starts with heterogeneous nucleation of 
particles on lattice defects such as dislocations, stacking faults and 
grain boundaries(119,122,124 127)^  Nucleation can start coherently, but
it will become semicoherent and finally incoherent as precipitate grow.
(1191It has been reported^ J that strong carbide forming elements, including 
niobium, precipitate with their close-packed planes and directions parallel 
to those of the matrix, and in the case of the present alloy the relation-
(111}Y
<no>
Y
There is a large mismatch between the two phases and this mismatch is 
approximately 25 per cent^^V As a result of this large mismatch, 
homogeneous nucleation requires very large activation energy and nucleation 
is limited to crystalline defects. Dislocations which act'as inter- 
granular sites for nucleation of Nb(CN) particles play an important role 
during particle growth, since climb of such defects between the pinning 
points at high ageing temperatures (650-900 C) can provide excess vacancies 
and increase the rate of diffusion of niobium since it is in substitu­
tional form in solid solution. Excess vacancies can also diffuse by pipe
(129')diffusion along the dislocations^ J to growing particles and provide
ship is:
{111}Nb(CN) H  
^110\lb(CN) H
strain relief between the precipitate and the matrix. As particles grow, 
coherency or semicoherency between the growing particle and the matrix 
is lost. The final size of the precipitate in solution treated and aged 
specimens is around 150-200 A which is much larger than the size which can 
be predicted by Cahn^*^ or Gomez-Ramirez^^^ theories of coherent 
nucleation. The shape of particles are more spherical in all reported 
literature indicating that there is no preferred direction in growth of 
particles and they grow uniformly in all directions. Sometimes it can be 
argued that the particles are more cylindrical than spherical, but even in 
these cases the height of the cylinder is very close to the diameter and 
it is not possible to give a preferred orientation to the precipitates. 
Precipitation of niobium carbide can also take place on stacking faults,
dll')
as reported by van Aswegenv J. This, however, was subsequently inter­
preted by Silcock and Tunstall^^ as being the result of repeated precipi­
tation of Nb(CN) on climbing j (ill) partial dislocations. This model 
applies to systems in which:
a. The decomposition product introduces large strains into the 
matrix.
b. Heterogeneous precipitation occurs on dislocations.
c. The subsequent growth causes the dislocations to climb in a
direction consistent with feeding vacancies to the particles
('129')
which provide stress reliefv .
The sketch in Fig. 4-10 outlines the principles of the Silcock-Tunstall 
n 25')
model^ , the precipitates nucleate on a Frank partial (Fig. 4-lQa),
movement of jogs provides vacancies to enable the particles to grow
(Fig. 4-10b), with subsequent climb of the dislocation (Fig. 4-10c).
Finally, the dislocation pinches off becoming free of precipitates and thus
provide a new site for nucleation. This leaves planar rows of precipitates
in certain orientations. This type of precipitation has also been studied
dll')by van Aswegen et al^ J in deformed and undeformed niobium stabilised
stainless steel. They were unable to identify definitely whether the 
expanding partials were Shockley Vg (112) or Frank Vs^Hl) partials, but 
Silcock and Tunstall reported that they were Frank partials.
Fig. 4-10 Suggested stages 
in the growth of a Nb(CN) 
precipitate colony from a 
Frank partial (after Silcock 
and Tunstall ^125^
Nucleation of niobium carbo-nitride at grain boundaries in austenitic 
steels has also been reported by Jones et al ^ ^ .  The niobium carbo- 
nitride particles had elongated shape and non random distribution. The 
precipitation occured on two types of grain boundary defects, i.e. 
dislocations in grain boundaries and topographical defects (such as steps, 
ledges and discontinuities). Their results show that the morphology of 
particles depended on grain boundary orientation.
5. MULT IPIf-ICCHANICAL-THERMAL-TREATMENT
5.1 Introduction
Mechanical thermal treatments have been widely used to improve 
mechanical properties of materials at room temperature as well as high 
temperature. Significant improvement in strength and toughness results due 
to substructure fonnation which has been fully reviewed recently .
Over the last few years interest has been generated in applying the 
mechanical work in stages to further increase the strength and toughness.
In the following the historical background and principles of this new 
strengthening method will be discussed, and the improvements and shortcomings 
in properties associated with this process will be considered.
5.2 Historical Background
The use of multiple-mechanical-thermal-treatment (NMTT) was suggested
r332 ■)
and developed first by Oding et al ^ J to improve the mechanical
properties of materials which strain age and exhibit discontinuous yield
(1 3^ )point such as low carbon steelv J. The method was later applied to
niobium a l l o y s a n d  gave similar results. Both low carbon steel and
niobium have BCC structure at room temperature and show a discontinuous
yield point. The strain in each cycle consisted of the LUders strain
.followed by ageing at 100 and 200 Cyrespectively. As the number of MMTT
cycles increased the difference between upper and lower yield stress
decreased and the upper yield stress increased considerably in both alloys.
Examination of the dislocation substructure formed as a result of MMTT
revealed that the dislocation structure after four MMTT cycles (total strain.
of 12.41) was much more uniform than that in the alloy strained in one 
(133)step up to 11.1$v . Recent work on niobium stabilised stainless steel
(3,86) shewed that this new strengthening method can be applied equally to
FCC materials containing a second phase to support dislocation substructure.
In utilising dislocation substructure as a strengthening method it is aimed
11 13 -2at high dislocation density (10 - 10 cm ) randomly, distributed through­
out the lattice. For simple metals without precipitate particles most of 
the strengthening comes from the dislocation network. Lagneborg^^ 
suggested that alloys similar to the one used by McElroy ^  could be treated 
as simple metals. The main conditions necessary for successful strengthening 
against creep are then:
1. The flow resistance is related to dislocation density by the 
well known equation:
C£ = aQ + aGb/pT 5.1
where b is the Burger’s vector, G is the shear modulus, p is the 
dislocation density, a=l if the flow stress is expressed in terms . 
of tensile stress, and 0.47 if stress is expressed in terms of
shear stress, and a is the lattice friction stress.o
2. The dislocation network should resist coarsening so that 
dislocations will remain locked throughout the network.
3. The coarsening or the substructural changes are expected at 
local instabilities such as dislocation tangles, pile ups or 
cell walls, so that the substructure present should remain
as uniform as possible.
(71)McElroy and Szkopiak^ J after reviewing the literature suggested that 
the above criteria can be met only by MMTT. They carried out extensive 
work on niobium stabilised stainless steel for maximising creep resistance 
of the alloy, the results of which will be discussed in the following 
sections.
5.3 frMTT of Niobium Stabilised Stainless Steel
In general MMTT is an expensive treatment, but it might be justifiably
applied to niobium stabilised stainless steel which are relatively
expensive materials.
5.3.1 Solution Treatment Temperature 
(3)MzElroy^ J analysed solubility data and grain growth in austenitic 
steels and came to the conclusion that the best temperature for solution 
treatment without excessive grain growth was 1200 C for one hour followed 
by fast enough cooling to suppress the precipitation of Nb(CN). In 
Table 5.1 are shown the effects of solution treatment and times on the 
volume fraction of undissolved niobium carbide and grain size.
The total Nb(CN) available in the alloy was 0.51 so at 1200 C about 
60$ of the carbide goes into solution leaving 40$ undissolved. From the 
data given in Table 5.1 it can be seen that the best solution treatment 
conditions are one hour at 1200 C.
Temp. C Time hrs. Nb(CN), Vol. % Grain Size mm
1200 1 0.20 40
2 0.18 80
1250 12 0.22 80
1 0.11 140
1300 14 0.12 150
12 0.03 200
Table 5.1 Influence of Solution Treatment Temperature on Volume
Fraction of Unidssolved Nb(CN) and Grain Size(86)
5.3.2 Ageing Temperature and Time
9 -2On the basis of minimum dislocation density of 1.5 x 10 cm ,
diffusion coefficient at the ageing temperature and minimum dislocation 
(31spacing McElroyv J found that 21 straining in each cycle followed by 
ageing at 800 C for \ hour gave the desired dislocation density and particle 
distribution. Beyond the fifth cycle the matrix is depleted on Nb(CN), 
and increase in dislocation and particle density is insignificant (Fig. 5-1).
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and particle density with the 
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5.4 Substructure Formation
According to McElroy® the substructure formed after 5 MMTT cycles 
is unique. He did extensive electron microscopy study of the substructure 
using 1 MeV with which he was able to examine thicker foils. The use of 
thicker foils which he considers an advantage may not be so. In thicker 
foils the substructure being as fine as the MtfTT substructure may overlap 
through the foil thickness, and one might find it difficult to use major 
reflections related to slip systems (for example (111) and (220) reflections 
in FCC materials). In fact McElroy used reflections close to (220) and 
(200) for his micro structural analysis. However, a major disadvantage of 
thin foils using 100 KeV could be the rearrangement of dislocations because 
of thinning. McElroy reported that some clustering was seen in the specimens 
studied ■with 100 KeV microscope, but this can happen in very thin areas.
With the fine MtfTT substructure the rearrangement of dislocations because 
of thinning can not be significant.
5.4.1 Quantitative Analysis
Besides the dislocation and particle density measurements already 
mentioned the following microscopic features are of interest:
1. The examination of Nb(CN) particles revealed that after 5 MMTT,
681 of them were on dislocations (single line, triple junction, 
qnd complex junction), and that the proportion increased to 
771 following creep at 850 C for 750 hours under a stress of
21 Nmm'2 (Table 5.2).
2. When a foil from plastically strained metal was orientated with
(111) planes parallel to the electron beam, a distinct pattern
was seen of thin bands of dislocations and after ageing
precipitate particles were added to this pattern, indicating
that the relatively low stacking fault-energy (measured as 
-20.05 .Jm ) of the alloy had prevented much cross-slip.
Location 5 Cycles MMTT 5 Cycles MMTT + Creep*
Dislocation line 37% 19%
Triple junction 16% 34%
Complex junction 15% 24%
Matrix 321 23%
*21 Nmm  ^for 750 h at 850 C producing 1.21 strain
Table 5.2 Location of Nb(CN) Particles (1000 particles examined 
in total) .
3. The structure of 5 MMTT material is shown in Fig. 5-2 and
described as sheets of Nb(CN) precipitate particles laying on 
(111) planes spaced 0.5 - 1 yin apart. A fairly dense dislocation 
density has linked the particles in any one sheet. Few particles 
lay in the inter-sheet spaces.
Fig. 5-2 Structure of 5 cycle MMTT 
material. Normal to the plane of the 
paper is a set of (111) planes on 
some of which lies a dense network of
x 20000)
4. The dislocations linking neighbouring sheets (Fig. 5-2) were 
almost pure screws.
5. Frequently several precipitates lay in a row about 1 ym long 
and parallel to a {110). McElroy characterised roughly 501 of 
particles along these directions. McElroy^ suggested that 
they have been nucleated by (llO) (Lomer-Cottrell) or {100) 
dislocations which probably both have a stronger attraction for 
Nb atoms than other dislocations. McElroy also observed rows
of precipitates about 0.3 ym long and parallel to {112) suggesting 
the nucleation of particles on dipoles.
6. Finally, in every area the substructure examined by McElroy
consisted of at least three JaO-lO) type Burgees vector.
Therefore McElroy concluded that multiple-slip occured in each
13)small volume of about 2 yiir .
After six MtfTT cycles and subsequent 2% deformation (7 incomplete 
MMTT cycles) McElroy observed cellular structure, but reported that after 
completing the seventh cycle this non-uniformity in dislocation substructure 
had almost disappeared.
The thermal stability of the microstructure was tested by annealing 
and by performing creep test up to 1200 hrs. between 800 and 900 C. The 
stability of the dislocation substructure at 800 C was good and the rate 
of network coarsening depended on particle coarsening. The stability at 
higher temperatures, however, was not so good.
5.5 Mechanical Properties
5.5.1 Tensile Properties
Hot deformation resistance of the alloy improved considerably as a 
result of MMTT. Hot tension tests were carried out on 5 MMTT material at 
800 C under constant strain rate. The results listed in Table 5.3 are for 
stabilised, solution treated and 5 MMTT material. (For all comparison
5 MMTT cycles was selected because of its optimum properties as reported
f3) -1by McElroy^ .) As is evident from the Table, at high strain rate (3.6 h ),
solution treated specimen work hardened considerably, (the degree of work
hardening is defined as the difference between 0.2 proof stress and UTS),
but the rate of work hardening was not very high for 5 MMTT, indicating
the effective locking of dislocations with the particles in MMTT material.
-3 -1At a low strain rate (3.6 x 10 h ) the solution treated material work
12 -2
hardened very little and the particle density was very low (0.07S x 10 mm )
1 2 - 2  • in comparison to high strain rate (1 x 10 mm ). The 5 MMTT material
suffered negligible change in dislocation density during hot tensile test.
The ductility of 5 MMTT material was very poor, even at a high strain rate
(3.6 it was not more than 7.51, compared with the ductility of solution
treated (13.61) and stabilised (20.71). This is a very low ductility.
McElroy has suggested that the tensile straining during MITT caused fine
scale rupture at points along the grain boundaries which resulted in early
failure. This, however, may not be the reason, since during MMTT a large
fraction of mobile dislocations is eliminated.
Stabilized Solution-treated 5  cycle mmtt
Strain rate, h - ’ 0-2%YS UTS c.% 0-2%YS UTS c,% 0-2%YS UTS c.%
63-5 — 72*0 7-9 71-6 7 9 0  3-.1 1 15 -5 : 134-0 1-5
79-5 . 105-0 5-2 140-0 153-0 3-4.
74-0 103-0 17-2 83-5 162-0 6-1 163-0 178-0 5-3
77-6 121-0 20-7 89-3 214-2 13-6 178-0 .214-0 7-5
. .  . .  91-2 272-0 19-4 2 0 4 0  260-5 13-5
Table 5.3 Constant Strain Rate Tensile Data at 800 C (Stresses in Nmm"”2, 
the extension e(l) is that at the UTS; stabilising consists of 
Solution Treatment at 1200 C and Ageing for 50 h at 800 C) .
5.5.2 Creep Properties
The minimum creep rate of the alloy decreased considerably with 
increasing number of MNTTT cycles, but the effect of treatment became 
negligible after the 5th cycle. The 5 MMTT material was chosen for further 
study of microstructure, creep ductility and the effect of stress. The 
variation of minimum creep rate with the number of FMTT cycles is shown in 
Fig. 5-3.
In order to compare creep resistance of MMTT material, McElroy
3 -6*1 0 ~ J
3 -6 *1 0 -*
3 -6 * 1 0 - ’
3-6
36
measured minimum creep rate as a function of applied stress for different 
treatments and the results are presented in Fig. 5-4.
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Fig. 5-4 Comparison of creep 
deformation resistance produced 
by different treatments
It is evident that for a given stress 5 MMTT gives the lowest minimum 
creep rate. The dependence of minimum creep rate with stress is linear 
and creep can be explained using a power law of the form: 
e = Ao11 5-2
where the stress exponent (n) is almost the same for all four treatments 
and has a value of about 6. On the other hand when the MMTT material 
is tested over the whole stress range at different temperatures, the creep 
behaviour of the material is different. Clearly two creep regimes are 
present and the slope of minimum creep rate vs. applied stress changes 
from a lower value to a higher one, and the transition stress. is temperature 
dependent. The higher the test temperature the lower is the transition 
stress. The variation of minimum creep rate with the applied stress at 
different temperatures is presented in Fig. 5-5.
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Fig. 5-5 Variation of minimum
creep rate of M T  material over
a range of stress and temperature
(3,86)
McElroy also suggested a power law creep equation for the MtfTT material
with different values of the stress exponent for low stresses (from 21 to
2 2 about 70 N/mm ) and higher stresses (from about 70 to 156 N/mm ), namely
2.8 and 6.05 respectively. The change in slope is more significant at low
temperatures (750 and 800). Verma and Szkopiak®*^ studied the effect 
of different inodes of pre-straining on different inodes of creep testing. 
The alloy they used was the same alloy as used in this work. For the 
analysis of data they defined effective stress (a) and effective strain 
(I) as:
= 0^0 [(*! " °2)2 + " al) 2 + G°2 " ai)2]2 5“3
where 0 ^, 0 2 and are the principal applied stresses,
where e^ , £2 are the principal strains.
With the above definitions a and e are respectively equal to the axial 
stress and strain in tensile test. The variation of minimum effective 
creep rate vs. effective stress is plotted in Fig. 5-6. Verma and Szkopiak 
pointed out that, if the material was isotropic, according to plasticity 
theory, the effective creep rate of a material should be independent of 
testing stress state. The results presented in Fig. 5-6 show no transition 
for solution treated/tension-creep tested arid solution treated/torsion-creep 
tested, but for other modes of pre-straining and testing there is a transi­
tion in creep mode. The problem is that two of the stresses used (84 and 
-295 Nmm ) are in the transition region and it is difficult to draw two 
straight lines on the basis of the reported data (for example compression 
MNflT/tensile test or tensile MMTT/tensile test). Since McElroy’s results 
clearly show two creep regions, transition should be present in this alloy 
as well, at least for some treatments (for example tensile MMTT/tensile 
creep test). Verma suggested a creep relationship of the form:
e = A(a)n 5-5
where, as defined, £ is the effective minimum creep rate and a is the 
effective applied stress. The stress exponent (n) has a value of 5 for 
low stresses and 9 for high stresses. In this case values of n are higher
if
than the values reported by McElroy, namely 2.8 and 6 for lower and higher
stress ranges respectively.
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Fig. 5-6 Variation of minimum effective creep rate with the variation
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The creep ductility after 5 MNfTT cycles was poor. Fig. 5-7 shows 
the ductility at different temperatures and stresses applied. The creep 
ductility of stabilised material is included for comparison. The ductility 
decreases from several percent for the stabilised to about 1% in NMTT 
material.
-2
- 4
+ Stabilized 
o 5 MMTT 750°C 
o 5 MMTT 800°C * 
85&C' a 5MMTT 850°C
-t>
Creep d uc tility  (°/o)
Fig. 5-7 Creep ductility of 
5 MNfTT and of stabilised 
materials .
As mentioned earlier according to McElroy et al^^ poor ductility is the
C137T f31result of prestrained cavitation similar to Nimonic alloysv J * M:Elroyv J 
observed/higher cavity density in MMTT and crept specimens at fracture. The 
cavities were uniform in size and were found in boundaries parallel to the 
tensile axes. In Nimonic alloys, after straining to different degrees, 
Dyson examined the grain boundary structure and observed very fine 
cavities uniformly distributed along grain boundaries. After creep test 
the cavities on the grain boundaries perpendicular to the tensile axes 
disappeared or became smaller in number, but the nuclei on the boundaries 
parallel to the tensile axes grew and became larger in number. The reason 
for some of the cavities to grow is'.that excess vacancies introduced to
the system during creep increases the free energy of the system and by 
condensation on vacancy clusters already present, part of this excess free 
energy is released. The growth of these nuclei is, however, not thermo­
dynamically accompanied by the reduction of total free energy of the system.
There are several questions which are not clearly answered in 
previous work, e.g. the creep mechanism operating at lower and higher
stress levels, or the stability of substructure during high temperature
f31creep, and the activation energy for creep. McElroy^ J measured the
_?
activation energy for creep, but the stresses he used were 21 Nmm and 
-2 '47 Nmm which both lie in the lower stress creep regime. Since the 
activation energy was very close to the activation energy of self diffusion, 
McElroy suggested the jogged screw dislocation model for creep, but micro- 
structural study showed some contradictions, which will be clarified 
in the present study.
6. MATERIAL AND EXPERIMENTAL PROCEDURE
6.1 Material <
The material used in the present investigation was one of the major 
alloys used by U.K.A.E.A. as cladding material. It is a niobium stabilised 
stainless steel with some minor alloying additions. The alloy has got 
good corrosion resistance, phase stability and relatively high stacking 
fault energy (high nickel content) to ease cross slip and prevent dislocation 
pile up. The inclusion content of the alloy, determined by Quantimet Image 
A n a l y s e r a n d  the chemical composition of the alloy are given in Table 6.1.
Composition Wt. % Inclusion
Vol.Fe Cr Ni Mn Si Nb | C N
Balance 20.35 24.45 0.78 0.54 i 0.60 ! 0.029
! !
0.029 0.5
Table 6.1 Chemical Composition of the Alloy Studied
6.2 Specimen Preparation
The alloy, received in the form of 15.5 mm bars, had been prepared 
from pure elements by vacuum melting and casting. The cast steel ■was hot 
swaged followed by cold swaging and subsequent annealing to produce 
homogeneous bars. The as-received bars were forged at 1150 C to a thick­
ness of 7 mm and hot rolled at 1200 C to 4 mm. The strips were sand 
blasted to remove the oxide formed on the surface and machined to remove 
edge cracks. The alloy was then cold rolled down to 2 mm thickness with 
0.12 - 0.25 mm thickness reduction in each pass. Strips of 24 mm x 2 mm 
cross section were recovery annealed at 500 C for 15 minutes to make 
machining easier.
The sheet tensile specimens were machined from the above strips in 
the following way. They were first cut into 145 mm length, drilled and 
mounted in a jig which enabled five specimens to be machined together.
The final size and shape of the specimen is shown in Fig. 6-1.
143
CO
Fig. 6-1 Shape and dimensions of creep specimens. All dimensions are 
in mm and 11=22.5 mm
Prior to MMTT or creep test each specimen was solution treated at 
1150 C for 1 hour in vacuum and cooled in a stream of cold argon (cooling 
rate of about 20 C/sec.) to suppress the precipitation of Nb(CN). The 
furnace was a standard silica tube furnace connected to a rotary pump. The
temperature variation along the hot zone of the furnace was not more than 
5 C. The average grain size of the material after solution treatment was 
about 4 ym.
6.3 Mechanical Treatment and Testing
6.3.1 MflT
Each MMTT cycle consisted of 2% straining at room temperature followed 
by I hour ageing at 800 C to precipitate Nb(CN) on the dislocations intro­
duced during the straining cycle. The straining was performed in pure
tension in an Instron tensile machine using a constant cross head speed of
-3 -10.01 cm/min (strain rate of 2.8 x 10 s ). For measuring strain a 
travelling microscope was used to measure the gauge length before and after 
straining. The strain did not vary more than 0.2% and the total strain 
after five cycles did not deviate more than 0.51 for all specimens. Five 
cycles of MMTT was chosen for creep tests of different stress levels 
because it was reported by McElroy^ and Verma 0-^ that 5 cycles produce 
the best combination of creep ductility and creep resistance.
6.3.2 Creep Testing
Creep tests were performed on 5 MMTT specimens at 800 C. Three stresses 
2
of 70, 84 and 95 N/mm were used for microstructural study, and other stress
2levels ranging from 50 to 150 N/mm for creep properties and activation 
energy measurements. Tests were conducted in a constant load creep machine 
and the strain was measured using a dial gauge with an accuracy of 0.01 mm. 
Serrated nimonic grips were used to hold the specimens in a vertical furnace 
and three thermocouples were placed along the gauge length to monitor the 
temperature. The temperature gradient along the gauge length of the specimen 
was within ±1 C. Since all tests were performed on 5 MMTT specimens in 
which the substructure was reasonably stable, the heating rate of the creep 
furnace was not critical.
6.4 Electron Microscopy
6.4.1 Thin Foil
Electron microscopy was used to study substructural changes during
creep using the thin foil technique. The gauge length of test pieces was 
cut into two 30 mm x 8 mm pieces and mounted on two parallel glass sheets.
The specimens were then lapped from both sides to 0.1 mm using an automatic 
lapping machine. It has to be mentioned that for the electropolishing 
technique employed, a uniform thickness is a requirement. McElroyv J 
reports that the mechanical damage introduced by lapping only extends 0.025 mm 
beneath the surface. The production of thin foils from the lapped specimens 
was accomplished by electropolishing using a modified window technique 
The samples of 8 x 10 x 0.1 mm in size were polished in a 201 perchloric 
acid and 801 absolute alcohol solution at 18 V and -10 + +5 C. Fresh 
solution was aged by polishing a scrap foil until it became green. For best 
results polishing was carried out in a mixture of 501 aged and new solution. 
During polishing, specimens were held with tweezersand theiplaced vertically 
between two pointed cathodes set approximately 5-6 mm apart. The tips of 
the electrodes were laquered with a small point left uncovered. Thinning 
continued vath the rotation of specimen 90 degrees every minute until one 
or two perforations appeared on the specimen. The edges of specimen were 
also attacked and laquering did not give good results, since specimens 
were preferentially attacked near laquered edges and did not polish uniformly. 
For this reason it was necessary' to start with specimen dimensions at least 
8 x 8 mm. The thin areas around the holes and edges were cut with a sharp 
surgery blade and handled very carefully so as not to introduce any damage 
to the specimens. Cutting was carried out under a magnifier in methanol and 
thin pieces were collected and mounted between copper grids. These were 
stored in gelatine capsules and a desicator prior to electron microscopy 
studies.
6.4.2 Microscopy
Most of the electron microscopy studies were qualitative, but some
quantitative microscopy was also carried out. Dislocation densities were
2measured on MMTT and interrupted creep tests at 84 N/mm . Particle
distribution on dislocations were also checked to see the variation of 
particle position at different junctions (single, double, triple and complex 
junctions). The average subgrain size was also measured after different 
creep times and stress levels whenever possible. Dislocation density 
measurements can easily be misleading since the measurement depends on the 
foil thickness and reflection conditions. In this work only average thick­
ness was used, but reflection conditions were carefully analysed from 
diffraction patterns and the calculated densities corrected for invisibility. 
Dislocation densities were measured by the method of Ham®^ ^ . A series 
of random lines of total length L were drawn on a transparent film of the 
same size as electron micrographs and then coincided on each micrograph 
measuring the number of intercepts. The dislocation density (p) was then 
calculated from the expression,
2MN , .
p = l f  6-1
where N is the number of intercepts, M the real magnification, and t the 
average foil thickness. The average assumed thickness in this calculation 
was 0.3 urn.
7. RESULTS
7.1 The First Alloy and Choice of New Alloy
The work was started on a very similar alloy to that used by McElroy^, 
with a nominal composition of 25Ni - 15Cr niobium stabilised stainless 
steel. The volume fraction of inclusions was acceptable but metallographic 
study showed later that they were preferentially orientated along the swaging 
direction. Material was in the form of 12 mm rod and the maximum diameter 
of the gauge length could only be 4 mm. The alloy exhibited similar increase 
in 0.21 proof stress with increasing number of MMTT cycles, but a considerably 
higher creep rate than that reported by McElroy®. Metallographic study 
of crept specimens showed that, as a result of preferred orientation of 
inclusions and undissolved NbC particles, the structure of the alloy
consisted of rows of very small and large grains. Fig. 7-1 shows variation 
of grain size and banded structure of a crept specimen. Since the creep 
rate was at least ten times higher than expected, it was decided to carry 
out the work on a more homogeneous material. Another problem with the 
alloy was the dimensional limitation of the gauge length. For electro­
polishing with the polishing method employed it was required to have at 
least an area of 8 x 8 mm.
7.2 Multiple-Mechanical-Thermal-Treatment
7.2.1 Mechanical Properties
The obj ect of MMTT is to lock the dislocations produced by cold work
in each cycle (two per cent in the present study) with Nb(CN) precipitates
9 10 2and have a higher dislocation density (10 - 10 /cm ). This high 
dislocation density associated with fine Nb(CN) particles changes all the 
mechanical properties including proof stress and creep properties (minimum 
creep rate, creep ductility, and creep rupture life) which will be discussed 
in detail in the next section. The variation of 0.2% proof stress at room 
temperature as a function of the number of MMTT cycles is shown in Fig. 7-2. 
The variation is very similar to the results obtained by McElroy^ for 
a similar alloy and Verma for the same alloy. In order to make the 
comparison of structural changes easier all other variables, namely the 
solution treatment temperature, amount of deformation in each cycle, ageing 
time and temperature, and cycle schedule are kept constant in the present 
study.
7.2.2 Substructure Formation
Since defoimation in MMTT is applied in stages, it is expected to 
produce a comparatively more uniform dislocation network than if the 
deformation were applied in one step. The substructure of 5 MMTT specimens 
was studied very carefully using 100 kV transmission electron microscope.
The precipitation of Nb(CN) takes place preferentially on the dislocations 
introduced by cold work. This is because the nucleation barrier at these
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7-2 Variation of 0,2% proof stress with number of MMTT cycles.
sites is much smaller than at other sites as discussed earlier. The more 
significant feature of the precipitate distribution is the highly banded
■f3'j
nature of the precipitates. McElroyv J observed this banded structure in
a similar alloy and using trace analysis showed that these bands lie
in the (111) plane, 
predominantly along <110) and (112) directions/ Similar behaviour is
reported by Lewis et al^"^ and Beckitt et a l ^ ^  in unstabilised stain­
less steel during the precipitation of .-M^ Cg. Fig. 7-3 shows the typical 
distribution and directionality of Nb(CN) precipitates. Dislocations are 
also in a banded form which is related to slip on {111}. According to 
McElroy’s analysis these bands result from the dislocation interaction on 
the intersection of two slip planes. An example of dislocation bands is 
shown in Fig. 7-4. According to McElroy slip has taken place on all four 
slip planes, namely (111), (111), (111) and (111) and all slip systems have 
been activated at the end of 5 MMTT. On studying the 5 MMTT substructure 
it is not clear that all slip systems are equally work hardened. The density 
of precipitates in different directions is not the same. This will become 
clear when different micrographs are examined later. This means that some 
of the slip systems, depending on the orientation of grains with respect 
to the maximum resolved shear stress, are activated and work hardened more 
than the others. This can easily give rise to non-uniform substructure. The 
banded structure is more evident when viewing in a [110] direction, whereas 
a relatively uniform network is observed along [100] and [112] directions. 
Fig. 7-5 shows the dislocation substructure of 5 MMTT specimen viewed in 
(001) orientation. In comparison with Fig. 7-4, both precipitates and 
dislocations are uniformly distributed. Even this substructure when studied 
carefully contains areas of higher and lower dislocation densities, (areas A 
in comparison to areas B in Fig. 7-5).
The non-uniformity is not limited to the bands of precipitates and 
dislocations. There are other sources as vrell which contribute to the 
overall non-uniformity. Among these are the large undissolved Nb(CN)
Fig. 7-3 Distribution and directionality of Nb(CN) precipitates 
(5 MNfTT) (100 Kev).
or2/^W'
Fig. 7-4 Parallel dislocation bands and precipitates (5 MNfTT) (100 Kev).
particles and inclusions. There are always dislocation pile-ups against 
these large particles. This is expected as, according to Ashby 
greater plastic deformation takes place in these areas. An example of this 
pile up is shown in Fig. 7-6. In some cases the pile-ups are so heavy that 
re-arrangement of dislocations occurs and subgrains are nucleated. Such 
an area is shown in Fig. 7-7. Further on there are areas with well 
developed subgrain boundaries such as Fig. 7-8, or a relatively uniform 
substructure such as shown in Fig. 7-9. The substructure differs from grain 
to grain and sometimes a uniform cellular structure is observed in (001) 
and (110) orientations. Although the mis-orientation across the cell walls 
is very small (less than 1 - 2°), the cell size is very small too. It is 
difficult to quantify the cell size but it is in the range of 0.6 - 1 ym 
(6000 - 10000 X). An example of this structure is shown in Fig. 7-10.
An interesting aspect of the substructure formed as a result of MMTT 
is that in the areas where cells are formed, or subgrains nucleated, over 
801 of precipitate particles (Nb(CN)] are located at cell boundaries 
supporting the cells and reducing their mobility. Fig. 7-11 shows this 
preferred orientation of particles on the cell boundaries and it is more 
evident at higher magnification (Fig. 7-lib). The substructure discussed 
is the true structure of the MMTT specimen not a modified structure 
resulting from thinning for electron microscopy. This was confirmed by 
1 MeV electron microscopy, which showed the same substructure (e.g.
Fig. 7-12).
7.2.3 Quantitative Analysis
Dislocation density is a vital parameter to be considered in the 
present work, so it was decided to measure the dislocation density. The 
major problems in calculating the dislocation density are the determinations 
of the thickness of the specimen, its orientation, and the diffraction 
condition, which affects the invisibility, and the method of quantitative 
analysis. The method of quantitative analysis employed was that suggested
Fig. 7-5 Non-uniform dislocation substructure. Cell walls are
indicated by"A and cell interiors by*B." (5 MNfTT) (100 Kev).
Fig. 7-6 Dislocation pile-ups against large undissolved Nb(CN)
particles (5 MMTT) (100 Kev).
Fig. 7-7 Nucleation of subgrain boundaries (5 MNfTT) (120 Kev).
Fig. 7-8 Well defined subgrain boundaries (5 MNfTT) (100 Kev).
Fig. 7-9 Uniform dislocation substructure (5 MMTT) (100 Kev).
Fig. 7-10 Networks of dislocations (incipient cell walls) supported by
fine Nb(G'I) particles (5 MMIT) (100 Kev).
Fig. 7-11 A high density of Nb(CN) particles supporting a cellular 
structure (5 MMTT) (100 Kev), a) Lower magnification, 
b) Higher magnification from same area.
0.2 N
Fig. 7-12 Dislocation substructure after 5 MMTT (HVEM, 1 Mev).
by H a m ^ ^  which is widely accepted. A series of random lines of total 
length L were drawn on a transparent plate same size as electron micro­
graphs and superimposed on the plates and the number N the intersection of 
these lines with the dislocations were counted and the dislocation density 
calculated from the equation:
where M is the real magnification of the plate and t is the foil thickness. 
The numbers were then corrected for invisibility according to the diffraction 
condition. Invisibility introduces a large inaccuracy in dislocation density 
determination. Assuming that the most common Burger’s vector is %.<110) 
and assuming that when g.b=0 dislocations are invisible whereas for 
g.b > V3 they are visible for different g vectors invisibility is as 
following:
g = <200>
I = <1H>
i = <220>
g = <311)
i = <133>
Naturally other dislocations with different Burger’s vectors are present in 
the substructure and their invisibility can be different and introduce 
error in the density measurements. But since most of them are less mobile 
than % < 110> their presence does not contribute much to the deformation 
except to shift slightly the reported density. It is in fact tedious and 
impossible to separate these dislocations in a complicated structure such as 
the one present in the current study. The above figures are for two beam 
condition and very often the diffraction condition is not strictly two 
beam condition which introduces another uncertainty and error in quantitative 
analysis. In the present calculation all plates chosen for the dislocation 
density measurements were strictly two beam conditions. Another error
V3 invisible
v2
y6
y6
%
Introduced is the thickness of the specimen in the area where the micro­
graph is taken. Thickness of the specimen can vary from 1500 8 to 3000 8.
An average thickness of 2500 8 has been assumed for dislocation density
9 2calculation. The measured density is 10.4 x 10 /cm with standard
9 2 odeviation of 2.0 x 10 /cm . When thickness is assumed to be 3000 A
9 2 9 2density becomes 8.7 x 10 /cm with standard deviation of 1.7 x 10 /cm .
This is a reasonable value and is in agreement with McElroy's high voltage
electron microscopy study of a similar alloy.
Burger's vector analyses have been performed on MMTT specimens in order 
to characterise the parallel bands of dislocations. At least two diffraction 
conditions have been employed to make a set of dislocations invisible in 
one diffraction condition and determine the Burger’s vector. In Fig. 7-13 
a set of parallel dislocations which become Invisible in 7-13b are pure
cL
screw dislocations with Burger's vector of ^[llO] set which can be 
2^<110) or ^2^1.10} or other combinations of the family. The most valuable 
infoimation is the screw nature of the dislocation. Several other Burger's 
vector analyses have been performed on crept specimens, which will be 
discussed later. They also confirm that the major part of dislocations 
present in the substructure are screw dislocations or they are mixed dislo­
cations with a large screw component.
7.2.4 Discussion
Although the substructure formed as a result of MMIT is comparatively 
uniform a preferred orientation exists in the dislocation and particle 
distributions. It is likely that deformation takes place more readily on 
some of the slip systems depending on the grain orientation with respect 
to the critical resolved shear stress. The amount of work hardening at the 
end of the first cycle consisting of two per cent strain cannot be high 
enough to activate all twelve major slip systems in FCC crystals. If only 
a few of the slip systems become activated in the first cycle, precipitation 
takes place preferentially on these'newly generated dislocations during
Fig. 7-13 Identification of dislocations using two beam conditions
(5 MMTT) (100 Kev). Set of dislocations invisible at 7-13a 
are pure screw dislocations.
the first minutes of ageing. As ageing continues most of the dislocations
anneal out as a result of recovery. The probability of preferential
annealing out of edge dislocations can be expected to be higher than for
the screw dislocations since for the annihilation of edge dislocations
glide and climb of dislocation is essential, but for the annihilation
of screw dislocations if they are not in the same slip plane dislocations
must cross slip which in the present material with relatively low stacking
(143)
fault energy (values reported for the stainless steel varies between 
2
30-60 mJ/m ) is relatively difficult. Evidently the stacking fault energy 
is not low enough to cause extended dislocations in a planar pile-up
groups to be observed. On the basis of stacking fault energy which is
(31 2reported ^ J to be between 40-50 mJ/m , the expected dislocation substructure
should be a cellular structure with some subgrains nucleated because of the
non-uniform deformation already discussed. This is true even with the
2% cyclic deformation employed during MMTT. Data obtained by Hutchison
(1441 (711and Honeycombed J and collected from different sources by McElroy^ J
for stainless steels and summarised in Fig. 14 of reference 71, clearly
2
shows that for stainless steels with stacking fault energy above 30 mJ/m 
tangles and cells are expected to be observed. An interesting aspect of 
the substructure present in 5 M T  material is the association of Nb(CN) 
with the cell walls and very small cell size (approximated to be about 
0.6 - 1 ym or 6000 - 10000 R). The cell walls with the presence of preci­
pitates are less mobile and the fraction of dislocations inside the cells 
can only contribute to plastic defoliation at a high enough temperature and 
stress. The dislocations in cell walls can contribute if particles 
coarsen and leave cell walls with few large particles. This requires, a 
very high temperature and a long time. Even in these circumstances 
dislocations in the cell walls are not as free as single dislocations.
7.3 Creep
7.3.1 Creep Properties
Due to the application of MMTT all creep properties change considerably. 
Although -work has been concentrated on the microstructural changes due to 
creep at different stresses, the creep properties have also been examined 
carefully. As a result of the MMTT two distinct creep mechanisms are 
operative at lower and higher stresses. In both cases the creep curves are 
typical, consisting of primary creep of decreasing rate, secondary creep 
of constant rate, and finally tertiary creep of increasing rate. The 
minimum creep rate can be explained with an equation of the form:
e- = A a V Q /RT 7-2
where A and n are constants, Q the activation energy, R gas constant, and
T the absolute temperature. A conventional log-log plot of minimum creep
rate against the applied stress does not result in a straight line over the
2whole stress range of 50 to 150 N/mm . But the data can be explained with
two straight lines with a transition point which depends on temperature
as well as stress. Similar behaviour has been observed by McElroy^ and
Verma for similar alloy. McElroy used a variable stress test to find
this transition point. He has enough data to show this- transition at
800 C, but the data for other temperatures are incomplete. The stress
2exponent determined by McElroy was 2.8 at low stress (a<70N/mm ) and 6.05
('136')
for higher stresses. Vermav J on the other hand reported n=5 for stresses
2
lower than 84 N/mm and n=9 for higher stresses. Again he based the calcu-
2lation of n on only three stresses (50,84,95 N/mm ) he examined. The creep 
data plotted in Fig. 7-14 has been extracted from variable temperature 
creep test at different stresses and again the transition is present with 
n being 5 for low stresses and 10 for high stresses. The stress exponent 
of 2.8 reported by McElroy is very low for this alloy and, as discussed, 
earlier reported values of n for niobium stabilised stainless steels in 
literature vary between 5 and 10, depending on the pre7treatment and alloy
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Fig. 7-14 Stress sensitivity of miniinuin creep rate for 
5 MOT material at different temperatures
composition. So the transition in creep mechanism exists and it has to 
be explained. If transition exists in creep, the two different creep 
mechanisms operating at lower and higher stresses might have different 
activation energy. Consequently it was decided to examine very carefully 
the activation energy for creep which will be summarised in the next 
section.
7.3.2 Activation Energy
The variation of minimum creep rate with the reciprocal of temperature 
gives useful information on creep mechanisms. The slope of this curve over 
the teirperature range studied gives the activation energy for creep. The 
measured values of activation energy is different above and below a tran­
sition temperature, which itself is stress dependent. The average value of the 
activation energy below the transition temperature is about 300 kJ /mol 
which is very close to the activation energy of self diffusion ( 284 kJ /mol). 
But the activation energy above the transition temperature is much higher 
being about twice that of self diffusion, i.e. 630 kJ ./mol. Four different 
stresses of 70, 84, 95, 110 have been examined to measure the activation 
energy and two other stresses (50 and 150 N/mm )^ have been added later 
to study the effect of very low and high stresses on the activation energy. 
Both high and low stresses gave similar results. The summary of data is 
plotted in Fig. 7-15. The time to establish minimum creep rate at each 
temperature has been minimised in order to reduce the effect of micro- 
structural changes due to creep.
2Another variable test has been carried out at 84 N/mm and after 
increasing the temperature stepwise up to the higher activation energy 
regime and recording enough points, then the temperature was lowered and 
increased in steps for the second time. The result , is shown in Fig. 7-16.
As it is clear that by repeating the variable tenperature creep test the 
relative creep rate increases which is the result of micros true tural 
changes and precipitate coarsening, but two creep mechanisms with different
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Fig. 7-16 Repeated variable temperature creep test at 
84 N mm” ^
activation energy still exist. The activation energies measured agree well 
with the previous values.
The transition temperature decreases linearly with increasing applied 
stress. The variation of transition temperature with applied stress is
2shown in Fig. 7-17. The transition temperature for the 50 and 150 N/mm
stress levels obtained by M o h a m m a d a l s o  lie on the above line. These
transition temperatures are 870 C and 700 C respectively. The substructure
introduced by MMTT enforces a new creep mechanism with a much higher
activation energy than that for self-diffusion, and in order to get some
information on the nature of creep by two mechanisms the substructures
in specimens from interrupted creep tests have been studied carefully. The
2initial extensive study was carried out at the stress level of 84 N/mm
which subsequently proved to lie in the transition region at 800 C, but
2 2two other stresses above and below the transition (70 N/mm and 95 N/mm ) 
have also been studied carefully. The result of these microstructural 
changes will be discussed in the following sections. Other creep and high 
tenperature properties of the alloy have been studies by McElroy^ and 
Verma^*^, so the data was available and further tests were not required.
7.3.3 Interrupted Creep Tests
In order to study substructural changes during creep, several tests 
have been interrupted at equivalant strains and their structure studied.
In order to make the comparison of microstructural changes easier the 
creep tenperature (800 C) was kept constant for all the interrupted tests. 
The creep strain and time for the stress levels examined is given in 
Table 7.1.
7.3.4 Substructure of Interrupted Creep Tests
a) Stress Level of 70 N/mm^
2The substructure during creep at 70 N/mm is not much different from 
the MTT substructure. Since the creep rate is very low the cells formed 
during MMTT remain essentially the same size especially at 0.41 strain.
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Fig. 7-17 Variation of transition temperature with 
applied creep stress
70 N/mm2 84 N/mm^ 95 N/mm^
Time, hrs Strain, % Time, hrs Strain, % Time, hrs Strain, %
36 0.4 6 0.4 °2 0.4
171 1 12 1 9 1
20 2.7
24 3.1
Table 7.1 Time -and Strain for Interrupted Creep Tests
A typical substructure after 0.41 strain is shown in Fig. 7-18. Again 
most of the precipitates are associated with the cell boundaries which as 
a result have very low mobility. The average cell size is approximately 
0.8 - 1 ym (8000 - 10000 S). Coarsening of Nb(CN) particles is not 
significant. At lower magnification it is easy to see coarsened particles 
but their number is small by comparison to the total number of Nb(CN) 
particles. As in the MMTT structure there are areas where well developed 
subgrains are present and an example of this type of structure is shown 
in Fig. 7-19. The subgrains are directionally orientated. At least three 
Burger's vector analyses have been carried out at this stress level and 
all three show that the major portion of the dislocations present, which 
are free from the subgrains or cells, are screw dislocations; two of these 
will be discussed here. The beam direction used for all the Burger’s 
vector analyses was [110] and at least two different reflections were 
employed to identify a set of dislocations. In Fig. 7-20 the two reflections 
used were [002] and [ill] • The set of dislocations in Fig. 7-20a almost 
parallel to [002] are invisible in Fig. 7-20b indicating that g.b = 0 
and as a result Burger’s vector of the set can be deteimined which is 
%  [llO]. This set of dislocations are pure screwT dislocations. In the 
second analysis a lower magnification has been chosen to cover a larger
Fig. 7-18 Typical substructure after 5 MNTTT plus creep tested at
2
70 N/mm for 36 hrs with creep strain of 0.4% (100 Kev).
Fig. 7-19 Well developed subgrains at areas A and B (5 Jl-TTT + crept
2
for 36 hrs at 70 N/mm . Creep strain 0.4%).
bFig. 7-20 Identification of dislocations using two beam conditions
(5 MMTT + crept for 36 hrs at 70 N/mm^ . Creep strain 0.4%) 
(100 Kev). Set of dislocations invisible at 7-20b are pure 
screw dislocations.
area and include as many dislocations as possible. Again the zone axis 
is <110> and all three major reflections of g namely [002], [ill] and 
[in] are represented. Fig. 7-21 shows all three reflections with 
diffraction patterns. When dislocations in parallel sets are analysed in 
one of the reflections one set is invisible and major part of the dislocation 
can be identified by either of the reflections. Most of the dislocations 
again are either pure screw dislocations or have a large screw component.
Many of the dislocations are bowing out between two particles indicating 
their glissile nature. The main Burger’s vector again is a/2[ll0] family.
The substructure is slightly changed after higher strain (1% strain - 
171 hrs). The cell boundaries are more clearly defined and the cell 
size is increased. The approximate cell size is about 2 ym. Most of the 
fine Nb(CN) particles lie on the cell walls. A typical substructure is 
shown in Fig. 7-22. During a long-time creep test the coarsening of Nb(CN) 
particles is significant which reduces the number of fine Nb(CN) particles 
and releases some of the dislocations blocked by the precipitates. Many 
of these large Nb(CN) particles also lie on the subgrain boundaries. A 
typical example of this structure is shown in Fig. 7-23.
b) Stress Level of 84 N/mm^
Four interrupted tests have been carried on at this stress at a constant 
temperature of 800 C. After six hours creep (with 0.4% strain) the secondary 
creep stage has begun. Twelve hours (1% creep strain) represents the 
middle of the secondary creep, 20 hours (2.7% strain) is the beginning of 
the tertiary stage, and finally 24 hours (3.1% strain) is well into the 
tertiary stage to give some information on the structural changes during 
creep on this stress level. The structure of the six hours crept specimen 
consists of well defined subgrains with low misorientation angle (less than 
1°). An example is given in Fig. 7-24. It has to be emphasised that the 
dislocation density inside the subgrains is very low and the major portion 
of the Nb(CN) particles lie on the subgrains reducing their mobility. The
iv\\vn
mm
fmrntB
^ . .Sv &
Fig. 7-21 A further series of two-beam micrographs for dislocation
identification (same condition as Fig. 7-20) (100 Kev).
o
Fig. 7-22 Substructure of 5 MMTT plus creep tested at 70 N/mm for 
171 hrs with creep strain of 1%. Subgrain boundaries are 
now more pronounced.
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Fig. 7-23 Another example of substructure of 171 hrs crept at 70 N/mm 
with coarsened Nb(CN) particles (100 Kev).
cell size is very small, rarely exceeding 1 ym. The subgrains are not
uniform (Fig. 7-24) in different areas. In grains where the directionallity
of precipitates is pronounced, subgrains are also directionally orientated
o
and very often they make an angle of about 45 with the major precipitate 
bands. - This is shown in Fig. 7-25. The figure suggests that the major 
precipitate bands act as a source for dislocation multiplication and pile 
up of dislocations causes the nucleation of preferentially orientated 
subgrains which remain with the same orientation during further creep. An 
extreme case of this pile up is shown in Fig. 7-26 with subgrains in the 
process of formation. Again the dislocations are parallel with an angle 
of 45° with respect to the major precipitate bands. Fig. 7-27 shows an 
elongated subgrain lying in the same orientation writh respect to the major 
precipitate bands.
In studying substructure of the 12 hours crept specimen with 1% 
deformation, it is easy to see that the coarsening of particles has taken 
place and a well developed subgrain network is present. Typical examples 
of the substructure are shown in Figs 7-28 and 7-29. The cell size is 
slightly increased but still in the order of 1 ym. As in previous samples 
most of the Nb(CN) particles are associated with the cell boundaries.
Because of the coarsening of particles, the preferential directionality of 
the precipitate bands is not easily seen. The subgrains are in elongated 
form, and an example is shown in Fig. 7-30. The top right comer area of 
the specimen in Fig. 7-30 was recorded at higher magnification and Fig. 7-31 
shows that area. Considering the last two figures the length of subgrains 
is about twice their width. Another example of the elongated subgrain is 
shown in Fig. 7-32. Both figures (7-31 and 7-32) clearly show the very 
low dislocation density inside the subgrains.
The substructure of 20 hrs crept specimens with 2.7% deformation is 
only slightly different from that of 12 hrs. In the areas where Nb(CN) 
particles are mainly associated with " the subgrain boundaries the elongation
Fig. 7-24 Well defined subgrain network with fine Nb(CN) particles on 
the boundaries (5 MMTT + crept for 6 hrs at 84 N/iran^, 0.4% 
creep strain) (100 Kev).
Fig. 7-25 Elongated subgrains and precipitate bands (5 MITT + crept for 
6 hrs at 84 N/iran^, 0.4% creep strain) (120 Kev).
Fig. 7- !* 11Heavy pile-up of dislocations at area A and particle bands. 
The arrow shows the direction of dislocation motion, (same 
condition as Fig. 7-25) (100 Kev).
Fig. 7-27 Formation of subgrain boundary at'A* at an angle of -45° with 
respect to precipitate bands which is shown by arrow. (Same
conditions as Fig. 7-25).
Fig. 7-28 Well developed subgrain structure supported by particles
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(5 NMIT + crept for 12 hrs at 84 N/mm , 1% creep strain) 
(100 Kev).
Fig. 7-29 Another example of same condition as Fig. 7-28 (100 Kev).
Fig. 7-30 Elongated subgrain network supported by fine particles 
(5 MMTT + crept for 12 hrs at 84 N/mm , 1% creep strain) 
(100 Kev).
Fig. 7-31 Higher magnification of top right comer of Fig. 7-30.
of subgrains is not significant, and the subgrain size is still about 1 ym.
An example of the structure is shown in Figs 7-33 and 7-34. In Fig. 7-33 
the particles are more uniformly distributed and subgrains are more random.
In Fig. 7-34 subgrains are directionally orientated and both large and 
small particles support the subgrain boundaries. In both areas some of 
the strings of particles on bands appear to have formed a single long 
precipitate. In the areas where large number of particles are not present 
subgrains are strongly elongated and an example is shown in Fig. 7-35.
The substructure of 24 hours crept specimens with 3.11 strain is net 
much different from that of 20 hours except that creep cavitation is much 
heavier and the cavities present in the specimen make the electropolishing 
very difficult. The sub-grain elongation is significant and it is difficult 
to find an area with equiaxed subgrains or cells. This can be the result 
of particle coarsening and making the mobility of subgrains in certain 
orientation higher than other orientations. It is difficult to assign a 
subgrain size for this strain level although the width of subgrains is 
still in the order of 1 - 1.2 ym, but the length is well over 2 ym. An exam­
ple of the structure for this strain level is given in Figs 7-36 and 7-37.
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c) Stress Level of 95 N/mm
Two interrupted tests have been carried out at this stress level at a 
constant temperature of 800 C. This stress is above the transition stress 
and a different substructure would be expected. Two tests were interrupted, 
one with 0.4% strain at the beginning of the secondary stage, and the other 
with II strain close to the end of secondary creep. Although the creep 
time is short (3 hrs for 0.41 and 9 hrs for II) it is easy to see the 
structural differences.
The structure of G.4I interrupted creep test is somewhat similar to 
that of MMTT with better developed cells and subgrains. A typical structure 
at lower magnification consisting of cells is shown in Fig. 7-38. Cells 
are non-uniform in size but they are heavily supported by fine Nb(CN) particles.
Fig. 7-32 Another example of elongated subgrains. (Same treatment as 
Fig. 7-30, different specimen).
Fig. 7-33 Substructure of 5 MMTT + crept for 20 hrs at 84 N/mm^ , 2.71
creep strain. Subgrains are relatively uniform and supported 
by particles (100 Kev).
Fig. 7-34 Substructure of 5 MMTT + crept for 20 hrs at 84 N/mm^ . The 
subgrains are elongated and supported by Nb (CN) (100 Kev).
Fig. 7-35 Distinctly elongated subgrain structure of 5 MNTTT + crept for 
20 hrs at 84 N/mm^ , 2.71 strain (100 Kev).
Fig. 7-36
Fig. 7-36 and 7-37 Significantly elongated subgrains after further
7
strain (5 MMTT + crept for 24 hrs at 84 N/mm , 3.11 strain).
The average cell size is in the order of 1 - 1.2 ym. At a higher magni­
fication non-uniform cell size is more easily seen again in association 
with fine carbide particles. An example is shown in Fig. 7-39. With the 
exception of one very large cell the other cells have the same size in the 
same order already reported. In the areas where the directionality of 
Nb(CN) is pronounced the dislocation pile-up is seen and new subgrains 
are forming. An example is shown in Fig. 7-40. In some areas a well 
defined low angle elongated subgrain is present again at about 45° with 
respect to the precipitate bands, (Fig. 7-41). The boundary is a pure 
twist boundary with less than 1° mis-orientation between two subgrains.
Several different Burgers vector analyses have been performed in 
different areas and two of them will be discussed here. In Fig. 7-42 a 
relatively low density area is chosen in which subgrains are not formed.
The zone axis is <110} and all three major reflections of g namely <002>, 
<111> and <101) have been chosen to determine the Burger’s vector. Probably 
over 901 of dislocations can be identified by either of the reflections.
Most of the dislocations are pure screw dislocations with main Burger’s 
vector of a/2<110> family. In the second set heavy tangles have formed 
around the precipitate bands. This tangled configuration represents a 
local minimum of free energy. Consequently they may become energy barriers 
to later subgrain formation and the tangles would be relatively stable 
structure. Comparing dislocation tangles in Fig. 7-43b with 7-43c along 
the precipitate bands it is easy to identify most of the dislocations as 
having pure screw character, and those^dislocations along the bands but 
inside the bands are also pure screw dislocations. Comparing dislocations 
nearly at rigjht angles to the bands in Figs 7-43c and 7-43b with 7-43a in 
which all these. dislocations are invisible, they again have pure screw 
character.
The substructure of nine hours crept specimen with 1% strain consists 
of well defined elongated subgrains/ A typical example of substructure is
Fig. 7-38 Typical low magnification substructure of 5 MMTT + crept for 
3 hrs at 95 N/iran^, 0.41 strain (100 Kev).
Fig. 7-39 Substructure at higher magnification (same treatment as 
7-38) (100 Kev).
Fig. 7-40 Heavy density of Nb(CN) particles acting as nuclei for
subgrain walls (5 MMTT + crept for 3 hrs at 95 N/mm^ , 0.41 
strain) (100 Kev).
Fig. 7-41 Well defined elongated subgrain boundaries (same treatment 
as 7-40) (100 Kev).
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Fig. 7-42 and 7-43 Identification of dislocations using two beam conditions. 
All three reflections of the (110) zone are present and major part of 
dislocations are screw dislocations. (Same treatment as 7-40) (100 Kev).
given in Fig. 7-44. Elongation of subgrains in some areas is significant 
and related to the precipitate bands and well supported by fine particles.
In Fig. 7-45 elongated subgrain boundaries make about 50° angle with the 
major precipitate bands and it seems that this results from the recovery 
of dislocations generated through these bands. Another example of well 
developed elongated subgrains is shown in Fig. 7-46 with very low dislocation 
density inside subgrains. An area with a distinct banded structure was 
chosen to determine the Burger’s vector of dislocations where in some areas 
of the micrograph subgrains have already nucleated. The whole set of 
paralled dislocations visible in Fig. 7-47a is invisible in Fig. 7-47b, 
which are pure screw dislocations. Another set which is visible in 
Fig. 7-47b is invisible in 7-47a, which again are pure screw dislocations 
with Burger’s vector of %<110> family.
7.3.5 Discussion
From the analysis of microstructural changes during creep it is 
evident that the subgrains nucleated during MMTT develop into a more stable 
form. The subgrain boundaries are strongly supported by fine Nb(CN) 
particles so that during high temperature creep their size does not 
change significantly. The precipitate bands remain unchanged except at 
the low stress level at which creep time is long enough to permit precipitate 
coarsening. At low stresses mis-orientation is very small and subgrains 
are in general uniform, but at high stresses subgrains are significantly 
elongated and their elongation seems related to the precipitation bands.
At all three stress levels the substructure contains a majority of screw 
dislocations.
The activation energy measurements indicate that there are two 
different creep mechanisms operating, one being the rate controlling 
mechanism at low stresses with an activation energy of 290 kJ/mol 
and stress exponent of 5, and the other at high stresses with an activation . 
energy of : 580 kJ/mol and a stress exppnent of 10. The transition
ig. 7-44 Elongated subgrains identified by lines through the boundaries 
with precipitate bands (5 MMTT + crept for 9 hrs at 95 N/mm2, 
1% strain) (100 Kev).
ig. 7-45 Elongated subgrains making about 55° angle with precipitate 
bands. (Same treatment as 7-44) (100 Kev).
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Fig. 7-46 Elongated subgrains with very low internal dislocation 
density. (Same treatment as 7-44) (100 Kev).
Fig. 7-
b
47 Identification of dislocations using two beam conditions.
The set of dislocations invisible in T b1 are close to screw 
orientation.
(5 MMTT + crept for 9 hrs at 95 N/mm , 1% strain) (100 Kev)
stress is temperature dependent but the stress exponents for the high and 
low stress regimes are temperature independent. The transition temperature 
is stress dependent and it varies linearly with the applied stress 
suggesting that the mechanism operating at higher stresses is somehow 
related to the applied stress and that its activation energy is a function 
of stress.
8 DISCUSSION
8.1 Introduction
The application of MMTT to niobium-stabilised stainless steel results 
in significant increase in creep resistance accompanied by reduction in 
creep ductility. McElroy J attempted to explain the deformation mechanism 
during creep by assuming a uniform three-dimensional dislocation network 
supported by niobium carbide particles. In some cases, however, experi­
mental results did not confirm theoretical predictions. There was evidence 
that two creep mechanisms operated, one at higher and the other at lower 
stress levels. McElroy obtained some information pertaining to the mechanism 
at the lower stress level, butf.insufficient information at the high stress 
level. The observed variation in the stress exponent and whether the two 
creep mechanisms had the same activation energy were not sufficiently 
discussed. The stability of the MMTT induced sub-structure and changes
occuring during creep are bound to affect the operating creep mechanism----
and creep resistance. These are the main points which require further
study and clarification. The present -work attempts to do that.
8.2 Origin of Non-Uniformity in MMTT Substructure
Austenitic stainless steels have an FCC structure with multiple slip
systems. It is therefore reasonable to expect that during tensile defor­
mation at least one slip system in each grain will be close to the direction 
of the maximum resolved shear stress and be activated during the two per 
cent pre-strain in the first MMTT cycle. But the two per cent strain is not 
large enough to work harden all the slip systems, though, as reported by 
McElroy J, the dislocation density increases significantly.
According to observations in the present work/the precipitation
(*1221mechanism is similar to the one reported by Ramaswamy et alv J. Preci­
pitation takes place on partial dislocations in some areas but mostly on 
undissociated dislocations. Figs 7-3 and 7-4 illustrate precipitation on
undissociated dislocations, which results in a banded structure. The 
banded structure is formed by repeated nucleation of particles on 
undissociated dislocations that climbed over initial nuclei and became 
new sites for nucleation. Dislocation climb is caused by stresses created 
around the initial nucleus. Partial dislocations are less favourable 
sites for carbide nucleation than the undissociated dislocations, as 
stacking fault precipitation could only be expected in very highly super­
saturated areas or high temperature solution-treated alloys. In the 
present alloy the solution treatment temperature is not high (1200 C) 
enough and the alloy is uniform in composition. Any stacking fault preci­
pitation in this alloy is therefore negligible and its effect on creep 
behaviour can be ignored. Traces of all three major slip planes are present 
(Fig. 7-11) but the density of Nb(CN) particles is different in different 
directions. At least one of the traces is very heavily populated and the 
density is lower in the other two bands (Fig. 7-4). This can be expected, 
because of small strain and high super-saturation. In the first cycle, 
nucleation takes place easily on dislocations introduced during the pre­
straining stage of the first cycle. As a result of recovery at the ageing
the m
temperature a major portion of /dislocations anneal out1- . The annihilation
can be preferential, leaving most of the screw dislocations in the substructure 
(Fig. 7-13).
In areas where the distribution of particles is relatively uniform 
cells have been formed (Figs 7-5 and 7-11). An interesting aspect of 
these walls is that the major part of the carbide particles is in the cell 
walls (Fig. 7-5). The effect of particle size is also important. There 
are two types of particles in the structure; fine particles nucleated 
during MtfTT and large undissolved particles. There, is appreciable variation 
in size between the two types of particles as illustrated in Figs 7-6 to 
7-8. The effect of the two types of particles on the stabilisation of the 
substructure is different. Although the large particles can cause
dislocation pile-ups (Fig. 7-6) the small particles act as stabilisers
r
of the sub-structure formed, and their distribution and number determines 
the stability and changes of sub-structure during high temperature creep.
The particle bands formed during the first MflT cyle can be the origin 
for subgrains during subsequent cycles of MMTT. The sub-structure in a 
5-MMTT material consists, in some areas, of well developed sub-grains 
(Fig. 7-8 for example), and, in other areas, of uniform cells (Fig. 7-5).
This non-uniformity or cellular structure is not observed in all reflections. 
The reflections most favourable to observe cellular structure are the 
(110) and (111) reflections. In other reflections non-uniformity is 
present but not in a well defined cellular or subgrain form. An examination 
of Fig. 7-7 shows that subgrains are nucleated in the areas where the 
density of fine carbide particles is high. These cells or subgrains change 
to network of cells or subgrains in early stages of creep, and their size 
is determined by the distribution of particles. In the present material 
the final size of subgrains is very small (under 1 yin). Usually subgrains 
formed in other materials are of the order of several microns. Inspite 
of the presence of cells and subgrains the substructure of the present 
material is relatively uniform in comparison to the case of a 101 deformation 
applied in one stage followed by ageing.
Another reason for the formation of non-uniform substructure is the 
relatively non-uniform grain size. Austenitic stainless steels have a 
high concentration of twin boundaries inside the grains, and even with 
relatively uniform grain size the twins are not randomly distributed.
During the first cycle dislocations introduced in different grains, which 
during ageing act as nucleation sites, vary in density in different grains 
and inside twins. Consequently the distribution of fine particles after 
ageing is non-unifoim resulting in a non-uniform distribution of dislocation 
generation sources in different grains for the second MflT cycle.
Following cyclic deformation there are grains or areas with very uniform
substructure and grains with cell or subgrain network.
There are two general aspects of the substructure. The first is that 
all cell walls and subgrain walls are associated with fine carbide particles 
(Fig. 7-11). The second is that most of the dislocations inside cells or 
in uniform areas are screw dislocations. The Burger’s vector of the 
dislocations is the a/2<110> family (Fig. 7-13). Very often these 
dislocations lie in parallel rows indicating that they had been generated 
from the same source which could be rows of particles. The fact that most 
of the dislocations are screw or close to screw orientation indicates that 
the preferential annihilation of edge dislocations has taken place during 
cyclic deformation and ageing during MMTT. This preferential annihilation 
observed in this work can be justified by the relatively low stacking fault 
energy of the present alloy. During annealing of the deformed structure 
positive and negative edge dislocations anneal out each other very easily, 
if they are in the same slip plane. If they are not in the same slip plane 
one or both has to climb until they get to the same slip plane. Since the 
ageing temperature is high (800 C), climb can take place fast enough to give 
a high recovery rate for excess edge dislocations. The activation energy 
for climb diffusion of vacancies is required to or from the dislocations. 
Similarly, for the annihilation of screw dislocations, if they are in the 
same plane, with opposite sign the activation energy required for annihilation 
is again that for self-diffusion, because they contain different sign of jogs, 
thus either producing or absorbing vacancies. On the other hand, if the 
screw dislocations are not in the same slip plane, they have to cross slip 
and with dissociation of unit disslocations into partial dislocations, which 
is accompanied by energy reduction, higher activation energy is required 
especially in the present alloy which has a low stacking fault energy. As 
a result most of the edge dislocations preferentially anneal out, while 
the remaining dislocations are either screw or immobile dislocations which
do not take a significant part in the plastic deformation in the later 
stages of MMTT. The preferential annihilation takes place during the 
first few cycles. On continuing cyclic deformation work hardening 
becomes more significant and at high dislocation density areas tangles 
and cells form. In the above analysis interaction of dislocations with 
each other has not been taken into account, which could be important in 
some cases and result in the production of sessile dislocations.
8.3 Development of Subgrains and Structural Changes during High
Temperature Creep
The main microstructural feature of 5-MOT material is that the 
structure contains mainly cells (Fig. 7-11) with some subgrains nucleated 
in areas of high work-hardening and containing fine particles (Fig. 7-7). 
During early stages of creep these cells are converted to well defined 
subgrains (Fig. 7-24). Even with 0.41 strain, which corresponds to 
early stages of steady state creep at all stress levels examined (70, 84,
95 N/mm ), cells are absent and converted into subgrains (Figs 7-19,
7-25). Although the dividing line between cells and subgrains is difficult 
and sometimes the misorientation angle is so small that it is impossible 
to distinguish between cells and subgrains. This is illustrated in 
Fig. 7-11 in which the misorientation angle is so small that in some areas 
dislocations have been re-arranged forming tilt or twist boundaries and 
the structure could be either cellular or subgrained. In crept specimens, 
on the other hand, all dislocations are re-arranged and are in either twist 
or tilt boundary form. In Fig. 7-19 (of a specimen crept for 36 hrs at
70 N/mm^) parallel tilt boundaries which form an angle of about 45° with the
horizontal axis, have an angle of misorientation of less than 1° (6=0.5°); 
and in Figs 7-18 and 7-20a misorientation angles are even smaller and
subgrains are present. At the same stress level (70 N/mm ) after 171 hrs
of creepf producing a strain of IV, the subgrain network is more obvious 
(Fig. 7-22). The subgrain size is very small (less than 1 ym) and
elongation of subgrains during creep is Insignificant.
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The creep rate at 70 N/mm is slow resulting in lower work hardening 
and recovery rates, thus causing the substructure to contain a more 
uniform subgrain network. At higher stresses (84 and 95 N/mm ), on the 
other hand, both the rate of work hardening and of recovery is higher and 
some of the subgrain boundaries, that had been mobile, have moved and 
subgrains have become elongated. At 0.41 creep strain at high stress
levels there are few areas in which subgrains are elongated (Fig. 7-27;
2 2 at 84 N/mm or Fig. 7-41; at 95 N/mm ). In other cases subgrains are
almost in the form of uniform networks (Figs 7-24, 7-25, and 7-39). The 
sizes of these subgrains are very small ranging from 0.6 to 1 ym, which, 
by comparison with other materials , are about an order of magnitude 
smaller. The dislocation density inside the subgrains is very low 
(Fig. 7-11) so that dislocations at sub-boundaries must take part in 
creep deformation making them mobile which can result in subgrain elon­
gation. The original sub grain size can be correlated with the spacing of 
particle bands which in the present material is between 0.5 and 1 ym.
This is in agreement with 0.6 ym reported by MzElroy^ for the same type
of alloy. Density of bands can play an important role in determining the
(71')subgrain size. In other materialsv J in which creep subgrains form 
during primary creep the subgrain size is creep stress dependent obeying a 
general relationship such as
where d is the average subgrain size, a the applied stress and k a material 
constant. There e^re insufficient measurements in the present study to 
verify or otherwise the applicability of the above relationship to the 
present material. In the present study the subgrain size can therefore 
only be related to the width of particle bands. The elongation of subgrains 
during creep is significant particularly at high stresses (84 and 95 N/mm )
producing large creep strains (II). In these cases the length of subgrain
is often at least twice the width of the subgrain (Figs 7-31, 7^ -32). At
high creep stresses the II strain is not very far Inside secondary creep,
because high stress creep has higher ductility. On the other hand, II
strain at 70 N/mm which has lower creep ductility is well within the
secondary creep stage, but nevertheless elongation is not significant
(Figs 7-22 and 7-23). It can therefore be concluded that subgrains elongate
during secondary creep at high stress levels, confirming that some subgrain
boundaries become mobile at high stress levels and take part in creep
deformation. As mentioned in the previous section, the density of particles
in different bands is different in different directions (Figs 7-3 and 7-4),
and since subgrains are supported by precipitate particles, sub-boundaries
which are forced to move in the directions of low particle density will move
more, easily elongating subgrains in that direction. Otherwise, according 
(72)to McQueen ^ , subgrains during creep should not elongate even at high
strains, although grains may become elongated. He considers that only a
few of the subgrain boundaries are mobile and as a result, for continuous
deformation, cell and subgrain boundaries must continuously decompose and
reform in a process named repolygonization. In the present allpy most
of the subgrain boundaries are immobilised by comparatively high particle
density and the above suggested mechanism can only answer part of the
elongation of subgrains and creep deformation at high stresses. In fact
in highly elongated subgrains (Fig. 7-35) the density of particles is
relatively low indicating higher mobility of the subgrain boundaries.
Otherwise, if a subgrain boundary decomposes under the creep stress and
the dislocation move slightly, after reformation they find themselves in
a populated area of fine carbide particles and their mobility becomes very
a
low, unless the new area contains /lower density of niobium carbide, particles. 
In fact the shape and size of subgrains is controlled by the distribution
of carbide particles and the rate of their coarsening. The width of the 
subgrains in the elongated areas is not increased significantly, remaining 
in the 1 ym range (Figs 7-37, 7-35 and 7-45). But their length in some 
cases is 3 to 5 ym which by comparison to the original uniform subgrain 
size (0.6 - 1 ym) at the begininning of creep (0.41 creep deformation) 
this is a significant elongation. The elongation of subgrains during 
creep has also been reported for Fe-Si alloys(75,146) expla­
nation and the subgrain structure was not veil understood
In general subgrains introduced by MMTT are relatively stable as
in
compared with subgrains formed during primary creep or/cold-worked and 
recovery-annealed structures. It has been r e p o r t e d t h a t  subgrains 
introduced by cold working and annealing are less resistant to high 
temperature creep than those introduced at high temperatures, such as 
during creep and slow rate tensile deformation. This is because, when 
subgrains are formed during creep and slow rate high temperature tensile 
deformation, dislocations gradually re-arrange themselves into the most 
stable form (minimum free energy state), resulting in comparatively small 
subgrain misorientation angle. In cold worked and annealed substructures, 
on the other hand, the subgrain misorientation angle is higher which 
is associated with higher energy. In the present MMTT. material the amount 
of cold work is small (21 per each cycle) which is followed by recovery 
anneal and precipitation. Dislocation distribution is relatively uniform 
and precipitation causes the formation of very small angle boundaries 
(about 1°). In addition the presence of precipitate particles at the 
subgrain boundaries results in their comparatively high stability during 
high temperature creep.
The size and mobility of the subgrain boundaries have a great 
influence on the mechanical properties of metals and alloys at room tem­
perature as well as at elevated temperatures. At low temperatures a Hall- 
Petch type equation has frequently been used to explain the yield strength
(71 72 751of pure metals and alloys^ ' * . An equation of the form
c = a + kd n o
is often used where d is the average subgrain diameter, k a material 
constant related to subgrain boundary strength, and n a constant. The 
use of the above equation at high temperatures is suggested by Miller 
and Sherby^7^  with n having a value of 0.5 and aQ close to zero. Thus, 
by decreasing the subgrain size and increasing the yield strength, creep 
resistance increases which is the case in the present alloy. For a 
constant subgrain size this affects the constants in creep equations.
But, if subgrain size is creep stress dependent, the creep equations 
have to be modified. In the present alloy subgrain size does not change 
significantly with creep stress so the effect of small subgrain size can 
be included in the constants of the power law creep equation vhich 
explains the creep rate both at high and low stresses. This aspect will 
be discussed in the next section.
In general dislocation density of the 5-M4IT material does not 
change during creep. This is in agreement with the creep theories based 
on the balance between work hardening and recovery during steady state 
creep.
8.4 Creep Mechanism in MMTT Austenitic Steel
The theoretical creep models and the derived equation discussed in 
Section 3 apply mainly to pure metals and solid solutions. Creep results 
of more complex alloys and in particular those which require mechanical 
and/or thermal pre-treatments cannot always be fitted into these equations 
and the creep behaviour cannot be explained in terms of these theoretical 
models. The present alloy is one of those complex alloys which has been 
subjected to a complicated mechanical and theraial treatment. The present 
creep results should therefore be fitted to empirical equations for this 
type of material. In absence of such an equation the general form of a
power law equation for secondary creep will be used i.e.,
e = Aan.e"Q/RT
The main parameters of the above equation, which are used in predicting 
of a particular creep mechanism, are Q the activation energy for the creep 
process, and n the stress exponent. These two parameters have different 
values for creep tests carried out below the transition and for creep 
tests carried out above the transition (Tigs 7-14 and 7-15), i.e. the 
value of n being 5 below and 10 above the transition point, and the values 
of Q being about 300 kJ/mol below and about 630 kJ/mol above the transition 
point.
In order to ascertain that the difference in the activation energy
twice
for creep of the order of X was real, rather than due to structural' changes 
during creep or temperature effect on the stress exponent, creep measurements 
were carried out* over a temperature range below the transition point and 
above the transition point (Figs 7-15 and 7-17) at two different stresses, 
one being below the transition point and the other above it. The repeated 
creep tests for each stress were carried out on the same specimen so that 
any effect of structural changes during creep could be noted. The obtained 
activation energies are tabulated in Table 8-1 which clearly show that the 
structural effects on the activation energy are very small indeed and 
therefore could not account for the difference by factor of two 
The creep rate and transition temperature however are affected by the 
changes in substructure during creep becoming higher and lower, respectively, 
on repeated creep testing (Fig. 7-16).
There have, been previous attempts to explain deviations from the 
above equation caused by variations over coirparitively high stresses in 
terms of internal, back-stress criteria. The criteria has been used by
* The measurements were carried out by Mr. A. Mohammed as an M.Sc. Thesis 
(Ref. 145).
many a u t h o r s 56,148,149)^ notably by Haasen^^’^ '^ in his 
classic work on the delayed yielding of covalent materials at high 
temperatures.
Table 8-1
Creep Activation Energy Measured by Repeated Test for Low Stresses
Creep Stress 
N/mm"*
Temp. Range 
°C
Ttr.(°c) Activation Energy kJ mol~^
(Estimated from 
Fig. 7-17) First Test Second Test Third Test
130 680-710- 725 306 312 • 317
150 710-750 710 605 625 647
In the case of creep it is used to explain high stress dependence of 
creep both in single phase and particle hardened alloys. The criteria is 
based on the use of an effective stress (a ) which is equal to (g-g.)v JL
where a is the applied and a  ^the internal back stress. In this model 
glide of dislocations and hence strain hardening occurs under the action 
of the effective stress (g6) while the driving force for recovery is 
provided by ( c k ) .  The strain hardening tends to increase g ^ ,  while recovery 
causes the a^  to decrease and, if a higher stress exponent is observed in 
single phase alloys, the power law creep equation is modified to: 
e « (a - g )^1*0
where nQ is very close to the theoretical value of 4 suggested by many 
authors as discussed in Section 3. Lagneborg^"^ considered the effect 
of internal back-stress on creep properties of dispersion hardened alloys 
and concluded that the high value of stress exponent in these alloys was 
due to the retarding effect of particles on the recovery rate only. Thus 
the introduction of back stress into the creep equation results in the 
reduction of the stress, exponent to a value comparable to the stress 
exponent of single phase alloys. McLauchlin^^ applied this model to
explain creep properties of Nb-stabilised stainless steel and suggested 
a creep equation of the form:
= K t°A " 0 exP- ~ w
where nQ is an effective stress exponent, independent of temperature,
and cr^, and has a value of =4 similar to that of non-particle hardened 
material and AH is independent of stress and may be equal to AH o^.
S • JJ
McElroy® also tried to use this criteria and measured back-stress by 
strain transient dip test proposed by Ahlguist et al . McElroy
reported that over a stress range of 21 to 160 N/mm the internal back-
stress after MMTT was equal to 90-951 of the applied creep stress. But 
he could not explain the existance of two values £3 and 6) of the stress 
exponent he observed over this stress range. Dislocation densities 
measured by McElroy also did not confirm the applicability of the back 
stress criteria, because it requires higher dislocation density at higher 
stresses. In addition, if the back stress criteria were applicable, there 
should have been a sharp change in cj^ between the lower stress region 
and the higher stress region in which the stress exponent changes from 
about 5 to 10. This is very difficult to visualise since the range of 
creep stress over which the transition takes place is comparitively small 
(20-30 N/mm^, Fig. 7-14, Table 8-1). Furthermore, since over this 
transition jWhile the stress exponent is doubled ,the activation energy for 
the creep processes is also doubled. This change in activation energy 
cannot be accounted for in terms of the internal back stress criteria.
It is therefore concluded that the existence of a transition point in the 
plots of Figs 7-14 and 7-15 indicates that there must be at least two main 
steady-state creep processes operating over the temperature and stress 
ranges studied in this work. One of the processes must be predominant 
over the. lower temperature and stress region, while the other dominates
the higher temperature and stress region.
8.4.1 The Lower Stress Range Creep Mechanism
The average activation energy for the creep processes operating in 
the lower stress region has been determined to be about 300 kJ/mol which 
is very close to the value of 284 kJ/mol reported for self-diffusion of 
iron or nickel in this type of steelC^,155). rate controlling 
mechanism must therefore be associated with the migration of vacancies.
Climb of edge dislocations and of V-type jog screw dislocations require 
the presence of vacancies. Both these dislocation mechanisms are 
associated with absorption and/or generation of vacancies and hence 
their migration. Which of the two dislocation mechanisms is predominant 
is difficult to say but since the majority of the dislocations present in 
the microstructure of our specimens, both before and during creep, were 
of the screw type (Figs 7-13, 7-20, 7-21) it is likely that the climb of 
V-type jog screw dislocations is the dominant rate controlling process.
8.4.2 The High Stress Range Creep Mechanism
The creep behaviour over the higher stress range is characterised 
by both a higher activation energy for the creep processes occurring, 
and a higher value of the stress exponent. One of the possible mechanisms 
which can have higher activation energy and can be related to the elonga­
tion of sub-grains (Figs 7-44, 7-45) is the repolygonisation process for
(72)
the motion of mobile sub-grain boundariesv This process is based on 
the assumption that the sub-grain boundaries do not migrate in an ordinary 
manner similar to the grain-boundary motion. The process involves the 
destruction, under a high applied stress, of parts of lower energy sub­
grain boundaries forming a new low energy sub-grain boundary by a thermally 
activated re-arrangement of dislocations. The activation energy required 
for the re-arrangement of dislocations and formation of new sub-grain 
boundaries can be of the order of the activation energy for self-diffusion.
But the activation energy required for the destruction of sub-grain boundaries
can be expected to be much higher than that for self-diffusion. Thus 
there should be a critical stress and temperature at which this process 
can start to operate. The observed elongation of subgrains in the 
present work (Fig. 7-44) could be the result of re-polygonisation in 
the areas in which the mobility of subgrain is higher. Unfortunately 
the theoretical data for re-polygonisation is not available to compare 
with the measured activation energy for creep at the higher stress range.
Another creep mechanism which is reported to have higher activation 
energy is an I-type jog screw model based on the motion of jogs by 
emitting or absorbing of self interstitials. In this model the activation 
energy for creep will be that of interstitial self-diffusion which is 
much higher than vacancy self-diffusion. The theory developed by Malu 
et a l ® ^ ,  the summary of which is given in Appendix (A), indicates 
that above the critical stress level there can be a transition from lower 
activation energy mechanisms to a higher activation energy mechanism of 
creep. The theory is based on a uniform dislocation substructure with a 
fine mesh size (less than 300 X) and excess concentration of I-type jogs. 
The substructure of the present material after MMTT is not as fine as 
required and as uniform as necessary for this mechanism to be rate- 
controlling. Furthermore, in the present alloy cavities are formed during 
creep over both the low and high stress ranges, indicating that diffusion 
of vacancies is involved in creep mechanisms. This is in contrast to the 
I-type model which requires diffusion of excess interstitials.
Mare recently Poirier®*^ proposed a model for secondary creep in 
which the climb of edge and cross-slip of screw dislocations are both 
considered as rate controlling mechanisms. This model can be expressed 
in terms of the power law equation for secondary creep or a sum of two 
thermally activated processes operating concurrently and controlling the 
creep rate. A constitutive equation derived from simple assumptions is:
where Qs ^ and Qcs are activation energies for dislocation climb and
cross-slip^respectively. The first tern is a power law and the second
term is an exponential tern since the activation energy for cross-slip
is stress and stacking fault energy dependent. According to this model
the overall activation energy for creep and the stress exponent may depend
on stress and temperature. This is not the case with the present data
from which two activation energies and two values for the stress exponent
have been obtained, that are temperature and stress independent (Figs
7-14 and 7-15). In terms of this model one of the mechanisms should be
the rate controlling mechanism of creep above a critical temperature or
stress, and the other below it. The contribution of the second mechanism
to creep rate is not excluded but may be neglected. Consequently, the
activation energy measured over each temperature or stress range is that
for the rate controlling mechanism. The present results can therefore be
accounted for in terms of the Poirier’s model assuming that the activation
energy for cross-slip is higher than that for self-dif fusion. McLauchlin^^
carried out creep studies on a similar alloy to that used in this work and
reported that the activation energy for creep increased from a value
close to that of self diffusion to a maximum of about 680 kJ/mol at a 
?
stress of 79 N/mm and then steadily decreased with increasing stress.
This variation in activation energy with stress can be explained by the above 
model due to Poirier in which two parallel concurrent mechanisms with 
high and low activation energies are operative. The measured activation 
energy had therefore no physical meaning, because it represented the 
contribution of both creep mechanisms operating simultaneously.
The present study shows for the first time that in an MOT material 
the two creep mechanisms are separated and the transition stress and 
temperature have become very narrow thus making the separation of the
two mechanisms possible.
8.4.3 The Transition Point
The transition from a lower activation energy to a higher one is 
temperature and stress dependent (Fig. 7-17) indicating that both mechanisms 
are thermally activated and the mechanism with higher activation energy 
will not operate below a critical stress. The activation energy of cross­
slip should depend on the stacking fault energy only if dislocation 
pile-ups do not take place. But, if pile-ups occur the mechanism becomes 
more complicated and the force acting on the dislocations at the tip of 
pile-ups will depend on the pile-up stress field. This does not imply that 
the-activation energy of the process is decreased but pile-ups stress field 
will provide the energy required for the cross-slip to start. In the 
case of the substructure of the present material, if dislocations inside 
the cell walls are considered only, pile-ups are not observed and cross­
slip starts to operate as soon as the thermal activation energy is available 
under a given applied stress.
In the transition region, which is narrow in terms of tenperature or 
stress, both creep mechanisms operate concurrently and the contribution 
from either mechanism will depend on the stress and temperature range.
The anomalous data for stress dependence and activation energy reported in 
literature (see Section 3) for the present alloy is the result of the above 
two mechanisms being rate controlling concurrently.
CONCLUSION
A banded structure of particles and dislocations is observed after 
5 MMTT.
Cells are formed and some subgrains are nucleated as a result of 
MMTT and their boundaries are supported by fine Nb(CN) particles.
This substructure is relatively stable at high temperatures and any 
changes in substructure depend on the degree of particle coarsening. 
The cell size is small (1 urn). Interrupted creep tests show that 
most of the cells are converted into well defined subgrains having 
small misorientation (1-2°) and are elongated in the direction where 
the particle density is low and the mobility of the subgrain boundary 
is high. The width of subgrains is comparable to the interband 
particle spacing.
Analysis of dislocations show that most of the dislocations are 
either pure screw or close to screw orientation.
Two creep mechanisms operate, one below and the other above a 
critical stress and temperature. Both processes are thermally 
activated with activation energies of 300 and 630 kJ/mol respectively. 
The stress exponent has a value of 5 below and 10 above the critical 
stress.
The activation energies above and below the transition point are 
stress independent.
The transition temperature varies linearly with creep stress.
It is believed that the operating creep mechanism below the transition 
point is either climb of edge dislocations or a viscous glide or 
V-type jogged screw dislocations, or both, and that above the tran­
sition point is the cross-slip of screw dislocations.
APPENDIX A
Theory of Creep Mechanism based on the Motion of I-Type Jogs
Activation energy for creep much higher than self-diffusion first 
reported by Ansell et a l ^  is now commonly observed in particle hardened 
alloys. There is a theory, based on the work of Tien et al®, which 
predicts an activation energy for creep of pure metals and single phase 
alloys of the order of that for self-diffusion, and higher activation 
energy in the order of those for interstial diffusion for particle 
strengthened alloys. The arguments are based on the dislocation inter­
action in FCC structures which tend to produce predominantly I-type jogs 
unless multiple slip of short screw dislocations occur. If the material 
develops a uniform dislocation network during creep, dislocations with 
excess I-type jogs break away from the network and additional I-type 
jogs are added to them resulting in an excessive number of I-type jogs. 
Jogged-screw dislocation models previously suggested^ that I-type jogs 
could move by absorbing vacancies around them. This requires almost 
equally spaced jogs with opposite sign and equilibrium vacancy concen­
tration in the matrix, and quasi-equilibrium between them during creep.
T4*)Applying Rosenthal ’ s ^ ' treatment of moving point sources it is possible 
to obtain vacancy concentration (C£)' in quasi-equilibrium with the jogs 
within a radius of b around each jog in terms of equilibrium vacancy 
concentration (Cv), lattice diffusion coefficient (Dv) and dislocation 
velocity (Vv) resulting from the vacancy process, i.e.,
c* = C.v - ^  CD
4nb2Dv
From this relationship it can be seen that if Vv increases under applied 
stress a large vacancy under saturation can be produced near the jogs 
and in an extreme case vacancy quasi-equilibrium can not be maintained 
(vacancies are depleted), and if dislocations are forced to move, I-type 
jogs will move by producing interstitials. Vacancy controlled motion of
I-type jogs will be favoured when the density of jogs pj is less than 
C* and there will be enough excess vacancies absorbed by I-type jogs. 
Since is smaller than C.v (eq. 1) and C^ . can be approximated to Cy 
as a first order of approximation, a condition that I-type jogs will move 
by absorbing vacancies is when:
P j  < Cv  ( 2 )
The condition that jogs move by emitting interstitial can be expressed 
as:
P j  > Cy  ( 2 )
if average inter-jog spacing is assumed to be X and the average distance 
between vacancies X* where:
»• ■ ^ 4  (4)
then when:
X > X* (5)
the creep rate is controlled by vacancy self-diffusion which is the case 
when dislocation substructure is coarse and the activation energy will 
be that of self-diffusion and when:
X < X* (6)
The creep rate is controlled by interstitial self-diffusion which is the 
case when dislocation substructure is fine. In this case the activation
energy has to be that of interstitial self-diffusion.
Assuming the well known strain rate relationship: 
e = Pdb v  (7)
where pj is the mobile dislocation density which is stress dependent and
v is dislocation velocity which is also stress dependent and b the 
Burger’s vector. Inserting theoretical values of the parameters in 
equation (7) an expression for creep due to vacancy self-diffusion i.e.
for the V-type jog mechanism is:
(8)
where to is the atomic volume, Dv the vacancy self-diffusion coefficient 
and and A are assumed to be stress dependent. The creep rate controlled 
by interstitial self-diffusion, i.e. implying the motion of I-type jogs
When equations 8 and 9 are plotted, they intersect at a critical stress.
The above theory separates creep into two regimes (1) when the 
density of vacancies is greater than the jog density (A » A*), creep rate is 
controlled by vacancy self-diffusion and (2) when the density of vacancies 
is less than the jog density (A < A*), creep rate is controlled by 
interstitial self-diffusion. Tests carried out on Ni and Ni base supper 
alloys are consistent with this theory. In Ni-base supper alloys, the 
only system for which detailed electron microscopy information is 
available ^ ^ . The dislocation network is very fine in mesh size and 
jog spacing is less than 250 X. From equation (9) it would be expected 
that the activation energy for steady state creep should be that for 
interstitial self-diffusion. This is consistent with the high activation 
energy (627 kJ/mol) determined experimentally^’^ .
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APPENDIX B
B-l Summary of data for Fig. 7-14
a
N/mrn^ T(°C) Minimum creep rate
50 750 3.40 x 10"6
70 750 1.36 x 10'5
84 750 7.50 x 10'5
95 750 1.30 x 10‘4
110 750 3.00 x 10“4
150 750 1.30 x 10“2
50 780 9.20 x 10-6
70 780 6.80 x 10-5
84 780 1.70 x 10~4
95 780 3.70 x 10-4
110 780 1.90 x 10‘3
150 780 8.20 x 10'2
50 800 1.70 x 10‘5
70 800 9.30 x 10'5
84 800 3.30 x 10-4
95 800 1.10 x 10-3
110 800 7.00 x 10'3
150 800 7.40 x 10_1
-2 Stress, minimum creep rate temperature and activation energy
----- - --
0 ? N/mm
------ :--
T(°C) t Ch"1) and Q2 (kJ/mol)
780 7.50 x 10'5
790 9.50 x 10'5
800 9.30 x 10-5 Q1 = 320
810 1.30 x 10'4
820 2.00 x 10 4
-470 830 3.00 x 10
840 5.00 x 10"4
850 1.00 x 10~3
860 1.90 x 10'3 Q2 = 670
870 4.50 x 10'3
880
-2
1.20 x 10 z
760 1.10 x 10'4
770 1.42 x 10"4 Qx = 300
780 1.68 x 10-4
790 2.30 x 10-4
802 3.69 x 10-4
84 810 4.00 x 10-4
820 7.70 x 10-4
830 1.25 x 10‘3 Q2 - 625
840 2.40 x 10-3
850 5.10 x 10-3
750 1.30 x 10-4
95 760 1.70 x 10-4
-4771 2.60 x 10 4 Oa = 360
2 Continued
781 3.70 x 10
791 7.00 x 10
801 1.10 x 10
811 2.10 x 10
821 3.90 x 10
7.50 x 10830
720 7.70 x 10
740 2.30 x 10
750 3.00 x 10
760 4.80 x 10110
9.20 x 10770
1.90 x 10780
790 3.40 x 10
800 7.00 x 10
810 1.66 x 10
2B-3 Repeated activation energy measurement at 84 N/mm
First test Second test
T(c) i (h_1) e (h'1)
760 2.40 x 10"4 3.80 x 10'4
770 2.80 x lO'4
780 3.10 x 10'4 8.00 x 10"4
790 3.25 x 10~4
800 3.80 x 10'4 2.00 x 10-3
-4 -3810 5.20 x 10 5.00 x l O
820 8.50 x 10"4 o
i to
830 1.60 x 10-3 2.00 x 10'2
840 3.30 x 10‘3
850 9.70 x 10'3
B-4 Variation of transition temperature with the applied stress
Applied stress 
N/mmz 50 70 84 95 110 150
Tt r / « 875 825
'
810 790 760 700
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ABSTRACT
This paper reports a study of the creep behaviour of a niobium stabilized austeni- 
tic steel following multiple mechanical thermal treatment (MMTT), which intro­
duces a comparatively uniform, high density dislocation structure supported on 
precipitates. Creep tests show that the stress exponent (n) has a value of about 
5 below a critical stress (a ) and 10 above it, and that there is a change in the 
activation energy for the creep process from 3 x 105 J mol 1 at temperatures below 
Tc to 6 x 105 J mol 1 at higher temperatures.
The transition temperature (T ) for the change in activation energy decreases
linearly with increasing stress, while the activation energies below and above T
are stress independent. The rate-controlling mechanisms appear to be climb of
jogged screw dislocations below T and cross’-slip above T .c c
INTRODUCTION
Niobium stabilized austenitic steels of nominal composition 20% Cr and 25% Ni are 
widely used for high temperature applications and as nuclear fuel cladding material 
in the present generation of reactors. In these applications good creep prpperties 
are of paramount importance. In austenitic steels the creep behaviour is primarily 
controlled by the morphology of niobium carbide precipitates in the austenite 
matrix. This is normally brought about by high temperature solution treatment to 
dissolve the carbides, quenching, deformation at room or higher temperature 
followed by precipitation of carbides in the temperature range 700 to 800 C. 
Recently, McElroy (1973,1974) applied alternate cycles of room temperature defor­
mation and 800 C ageing in order to introduce a more uniform dislocation sub­
structure and carbide distribution. This multiple mechanical thermal treatment 
(MMTT) resulted in a relatively uniform three-dimensional dislocation substructure 
supported by fine carbide particles, which resulted in a more stable substructure 
at high temperatures and hence much better creep properties.
In their studies McElroy and co-workers (1974) observed that the steady-state 
creep for the MMTT material exhibited a non-linear log-log relationship with the 
applied stress, while for other standard treatments the relationship was linear 
over the same range of applied stress. The object of the present study is to 
investigate the variation of the steady-state creep of an MMTT niobium stabilized
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austenitic steel with the applied stress and test temperature.
MATERIAL AND EXPERIMENTAL PROCEDURE
The material used was a niobium stabilized austenitic steel of the following com­
position (wt. %): 20.3 Cr, 24.4 Ni, 0.78 Mn, 0.54 Si, 0.60 Nb, 0.029 C, 0.029 N, 
and an inclusion content of 0.5 vol. %. The steel was received in a form of 
15.5 mm dia. bar which was forged at 1150 C to a strip of 7 mm thick, hot rolled 
at 1200 C to 4 mm, sand blasted and then cold rolled to 2 mm. Creep test speci­
mens with 60 mm gauge length were fabricated from the 2 mm strip, which, prior to 
specimen preparation was annealed at 500 C for 15 minutes. Specimens were then 
solution treated at 1150 C for 1 h and cooled in a stream of cold argon gas to 
suppress precipitation. This treatment produced specimens with an average grain 
dia. of 40 pm.
Specimens were given 5-MMTT cycles, each cycle consisted of 2% plastic strain 
followed by ageing at 800 C for | h to promote dislocation locking by Nb(C,N) 
precipitation. The straining cycle of the treatment was carried out by tension in 
an Instron tensile test machine at room temperature and a strain rate of 2.8 x 
10'3 s'1.
Creep tests were performed on the 5-MMTT specimens at temperatures ranging from 
700 to 900 C and stress levels ranging from 50 to 150 MN m 2, using a constant 
load creep test machine. Creep strain was measured on a dial gauge with an 
accuracy of 0.01 mm, (1.7 x 10 4 strain).
EXPERIMENTAL RESULTS
Creep curves of the 5-MMTT material exhibited the three typical stages of transient, 
steady-state and tertiary creep. The present study is concerned with the steady- 
state (constant or minimum rate ) creep (e ) only, which shows the following 
general relationship with stress (a) and temperature (T):
= A o11 exp(-Q/RT)
where A and n are constants, Q is the activation energy for the steady-state 
creep, and R and T have their usual meaning.
In Fig. 1 the steady-state creep rate is plotted, on a log-log scale, against the 
applied stress for three test temperatures. The plots clearly show that the stress 
dependence of the creep rate consists of two linear relationships yielding stress 
exponent (n) values of 5 for the lower stress range* and 10 for the higher stress 
range. The transition stress from the lower to the higher value of n is tempera­
ture dependent, while n remains temperature independent. The temperature depen­
dence of the transition stress is not unexpected since the operating creep 
processes are thermally activated.
In Fig. 2 the logarithm of the steady-state creep rate is plotted against the 
reciprocal of test temperature for four applied stresses. Again, the relationship 
between the creep rate and test temperature consists of two linear regions yielding 
activation energies for steady-state creep of 2.9 x 105 J mol 1 for the low tem­
perature range and 5.8 x 105 J mol 1 for the high temperature range. The transi­
tion temperature between the two linear regions of steady-state creep is also 
stress dependent. This dependence is depicted in Fig. 3 which shows a linear 
interdependence of the two test variables.
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Fig. 1 Showing the stress sensitivity of the MMTT material 
at three temperatures.
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Fig. 2 Minimum creep rate as a function of 1/T at four 
different stress levels.
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Fig. 3 The relation between transition temperature and 
applied stress.
DISCUSSION
The existence of the transition points in the plots of Fig. 1 and Fig. 2 indicates 
that there must be at least two main steady-state creep processes operating over 
the temperature and stress ranges studied in this work. One of the processes must 
be predominant over the lower temperature and stress region, while the other domi- . 
nates the higher temperature and stress region.
The lower stress exponent of 5 is only slightly higher than the theoretical value 
of 4, but it falls within the observed range for precipitate particle hardened 
alloys (McLauchlin, 1974). The activation energy associated with this regime 
(2.9 x 105 J mol *) is very close to the value of 2.84 x 105 J mol 1 reported for 
self-diffusion of iron or nickel in these steels by Smith and Gibbs (1969). This 
evidence is entirely consistent with a rate-controlling mechanism based on the 
climb of edge or jogged screw dislocations.
The higher stress exponent of 10 is a relatively large value for a stabilized 
austenitic steel, although McLauchlin (1974) has reported values in excess of 8.
In association with a high, but apparently real, activation energy (approximately 
twice that for self-diffusion) this suggests an interpretation in terms either of 
the cross-slip of screw dislocations (e.g. Poirier, 1976) or of the effect of very 
fine NbC precipitates on an impedance term slowing the recovery process (e.g. 
Williams and McLauchlin, 1970). Since a majority of the dislocations present in 
the microstructure of our specimens, both before and during creep, were of the 
screw type (Fig. 4) we favour at present the cross-slip control mechanism. In 
this case of course we should not strictly be referring to an activation energy 
but to an observed temperature dependence (Poirier, 1976; Williams and McLauchlin, 
1970) which it is convenient to call Q.
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250nm
Fig. 4 Networks of predominantiy screw dislocations in 
uncrept 5-MMTT material.
A major difference between the results of the present study and those reported 
elsewhere is the extremely fine scale of the substructure which is created by the 
MMTT cycles. It has been found that very small scale subgrains are nucleated even 
after 5-MMTT cycles. These subgrains then develop clearly during creep, although 
their dimensions may be less than 1 ym (Fig. 5). It is this substructure which 
probably eventually accounts for the low ductility of the MMTT materials reported 
by McElroy (1974).
The 'low7 n ’ and 'high n' creep rate regimes are very reproducible, as illustrated 
in a repeated test shown in Fig. 6, but the transition temperature is slightly 
altered in the second test. Since the microstructure is slightly coarser during 
the second test (both subgrains and NbC particles having grown during the first 
test) the creep rate is then greater at all temperatures, although the values of 0 
are substantially the same for both tests (Fig. 6). The transition temperature
can therefore be seen to be structure dependent.
300nm ' ' *7
4 ?
; %
Fig. 5 Small subgrains after creep to 1% strain at 
95 MN m 2 .
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Fig. 6 Repeated creep tests at a load of 84 MN m
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CONCLUSIONS
1. MMTT stabilized steels show a transition from a regime in which the minimum
creep rate is characterised by low n and Q, to a regime of high n and Q.
2. The transition point depends on stress, temperature and structure.
3. The rate-controlling processes appear to be the climb of jogged screw
dislocations in the ’low* regime and cross-slip in the 'high' regime.
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